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SUMMARY 

 Irradiation induces a high concentration of defects in the structural materials of 

nuclear reactors, which are typically of body-centered cubic Iron (BCC Fe) and its alloys. 

The primary effect of irradiation is hardening which is caused by the blocking of 

dislocations with defects and defect clusters like point defects, self-interstitial loops, and 

voids. The dislocation-defect interactions are atomistic in nature due to the very small 

length and time scales involved, i.e., of the order of nanometers and picoseconds. To 

predict the effect of dislocation-defect interactions on the macroscopic mechanical and 

plastic behavior of the material, it is critically important to develop robust coupling 

schemes by which accurate atomic level physics of the rate-limiting kinetic processes can 

be informed into a coarse-grained model such as crystal plasticity. In this thesis we first 

develop an atomistically informed constitutive model. Relevant atomistic processes are 

identified from molecular dynamics simulations. The respective unit process studies are 

conducted using atomistic Nudged Elastic Band method. Stress-dependent activation 

energies and activation volumes are computed for various rate-liming unit processes such 

as thermally activated dislocation motion via kinkpair nucleation, dislocation pinning due 

to self interstitial atom, etc. Constitutive laws are developed based on transition state 

theory, that informs the atomistically determined activation parameters into a coarse-

grained crystal plasticity model. The macroscopic deformation behavior predicted by the 

crystal plasticity model is validated with experimental results and the characteristic 

features explained in the light of atomistic knowledge of the constituting kinetics. The 

subsequent focus of this thesis is on the interaction between screw dislocations and self 

interstitial atoms which is supposed to be an important plasticity mechanism in irradiated 
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metals. Nudged elastic band method calculations are carried out to estimate the kinetics 

of screw dislocation-self interstitial interaction and connections are made to experimental 

results reporting irradiation induced hardening and softening phenomena. Following 

these works on irradiated BCC Iron, we investigate on unique irradiation induced defects 

in FCC metals such as stacking fault tetrahedra, that we discovered to be formed via 

dislocation interactions in gold nanocrystals under non-irradiated conditions. Our results 

from high resolution in situ TEM (HRTEM) experiments and large scale molecular 

dynamics simulations reveal the formation, evolution, and destruction of stacking fault 

tetrahedra, thus adding new knowledge to this special three-dimensional defect. 

Moreover, we investigate nanoscale engineered materials with internal interfaces that are 

capable of resisting irradiation induced damage. The mechanical behavior and work 

hardening exhibited by silver nanowires are studied with a specific five-fold twinned 

internal microstructure using tensile test experiments in SEM and large scale molecular 

dynamics simulations. Overall, the research presented in this thesis involves the 

development and implementation of novel computational paradigm that encompasses 

computational approaches of various length and time scales towards robust predictions of 

the mechanical behavior of irradiated materials. 

 



 1 

CHAPTER 1 

INTRODUCTION 

 

1.1 Modeling of irradiation damage in metals 

 

  The significant effects of irradiation on the mechanical behavior of structural 

materials in nuclear reactors are primarily due to the interaction of dislocations with 

irradiation induced defects of various dimensionalities [1]. Irradiation induced defects 

mainly include zero-dimensional point defects like vacancies and self-interstitials, two 

dimensional defects like self-interstitial loops, and three dimensional defects like voids 

and stacking fault tetrahedra.  The point defects are formed due to the localized shuffling 

of the lattice due to the incident, high energy, knock-on atoms, called the radiation 

cascade induced defect nucleation [2]. These point defects clusters grow to form 

clustered defects like self interstitial loops, voids and stacking fault tetrahedra. Voids are 

known to be very strong obstacles to dislocation motion [3] and can also contribute to  

irradiation induced swelling [4] along with gaseous atoms like that of Helium. Stacking 

fault tetrahedra are the primary three dimensional defects formed in face centered cubic 

(FCC) metals like Cu [5]. In irradiated BCC metals, self-interstitial loops are the most 

commonly found defects [6]. Complex dislocation networks, cavities and precipitates are 

also observed in irradiated metals [7]. All these defects can interact with dislocations 

resulting in their strong pinning onto the lattice. These microscopic pinning mechanisms 

manifest as irradiation induced hardening and subsequently lead to dislocation channeling 

and flow localization. Dislocation channels are formed due to large irradiation doses and 

they are essentially channels depleted of irradiation induced defects [8].  Stress induced 
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unpinning of dislocations from the obstacles help them to sweep through and annihilate 

the barriers, leading to flow softening and localized deformation along these channels.  

 Another important irradiation induced phenomenon is creep. Irradiation creep 

rates are usually higher than the thermal creep rates in virgin materials and occur at 

relatively lower temperatures. In contrast to thermal creep that is dictated by diffusion-

controlled processes, irradiation induced creep is mostly due to the large number of 

irradiation induced point defects  that cluster to promote the growth of and migration 

defect loops and voids by stress-assisted mechanisms. A number of irradiation creep 

mechanisms have been proposed and a widely accepted one among them is the stress 

induced preferential absorption (SIPA). SIPA involves the climb of edge dislocations 

perpendicular to their glide plane, by the absorption of interstitials that drift preferentially 

towards planes perpendicular to the direction of applied stress [9]. Embrittlement or the 

increase in the ductile-brittle transition temperature (DBTT) is another consequence of 

irradiation. The embrittlement has been proved to be a direct consequence of irradiation 

induced hardening and not due to the lowering of cohesive strength by irradiation [10].   

 Apart from the extrinsic pinning due to irradiation induced defects, the screw 

dislocations in BCC metals themselves are intrinsically pinned to the lattice, because of 

their compact, three-fold core structure [11]. Hence  they have a high intrinsic lattice 

resistance which is otherwise known as the Peierls stress. The edge dislocations have 

lower Peierls stress and higher mobilities and hence the motion of screw dislocation is the 

rate-limiting physical mechanism, governing the plasticity of BCC metals. This property 

also applies to irradiated BCC metals, since a fairly high density of dislocations can be 

generated  by irradiation. Hence dislocation motion is the primary mode of plasticity in 
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irradiated metals and forms the preliminary focus of our research in this thesis. Since  

irradiation induced defects are strong obstacles for the dislocation motion, they 

consequently modify the dislocation kinetics in the irradiated BCC metals, which will 

also be investigated here. Also since dislocations have stronger sink strengths for point 

defects than the grain boundaries, the dislocation-defect interactions become highly 

unavoidable. These defect-dislocation interaction events are hence central to the 

understanding of plasticity in irradiated metals. This thesis also studies the topic of 

dislocation-defect interaction in BCC Fe, so as to improve the continuum level 

predictions of the mechanical behavior of the same. The subsequent portions of this thesis 

deals with the study of irradiation induced defect in FCC metals like gold. As described 

earlier, stacking fault tetrahedra are the most important irradiation induced defect in FCC 

metals and have not generally been reported in non-irradiated metals. Our work reports 

the discovery of stacking fault tetrahedra in non-irradiated gold nanocrystals. We also 

study irradiation resistant materials with specific five-fold internal twin boundary 

structure that can act as strong sinks for irradiation induced point defects in FCC metals.  

1.1.1 Necessity for a multiscale computational approach    

 Although various dislocation-defect interaction phenomena have been known for 

many years [1], the underlying fundamental mechanisms and their relation to the 

macroscopic deformation behavior have not been clearly demonstrated.  Inelastic 

deformation of irradiated materials is essentially a multiscale study, since the constituting 

unit processes span length scales of over more than 15 orders of magnitude and time 

scales of over 21 orders of magnitude [12], thus spanning the entire atomistic-to-

continuum length and time scale regimes. Hence a robust computational approach to 
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study the irradiation damage in materials should account for the atomistic level physics of 

the deformation processes involved, that can be coupled with continuum level models so 

as to achieve accurate predictions of the realistic mechanical behavior of the irradiated 

material. But most models of irradiation induced deformation and mechanical behavior 

still rely on empirical parameters fit to experimental data. The current state of modeling 

is hence mostly phenomenological and does not directly account for the accurate physics 

of the microscopic deformation mechanisms. However, with improvements in 

computational techniques and algorithms, it is now possible to probe the structure-

property relationships through the detailed elucidation of fundamental atomic 

mechanisms.  This thesis concentrates on the electronic structure, nanoscale mechanics 

and mesoscale evolution and transport, of the state-of-the-art multi-scale computational 

paradigm for the reasons discussed below.  

One of the main goals of this thesis is to obtain a fundamental understanding of the 

unit processes driving inelastic deformation at ambient and high temperatures in 

irradiated BCC metals, specifically BCC Fe. Towards this purpose we employ a 

multiscale scheme of computational research that directly couples atomistic level 

research with macroscopic continuum level modeling [13], so as to make accurate 

predictions of the continuum level mechanical behavior of irradiated materials. Our 

multiscale research paradigm includes such efficient computational tools and techniques 

spanning broad length and time scales as Molecular Dynamics method (MD) , Nudged 

Elastic Band method, and coarse-grained Crystal Plasticity modeling.  

In our research, brute force molecular dynamics simulations are conducted to obtain a 

preliminary understanding of the atomistic processes governing the dislocation motion 
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and dislocation-defect interaction events in BCC Fe. Since molecular dynamics 

calculations are limited to the unrealistically high stress regime (due to their inherently 

high strain rate) they are highly inefficient to study the kinetics of dislocation motion at 

low stress levels, relevant to laboratory experiments. Also due to the inherently short 

simulation times of MD (of the order of a few nanoseconds), such processes as the 

diffusion of point defects are beyond the timescale prowess of MD. Hence we develop 

and employ Nudged Elastic Band method (NEB) which is a transition state-theory based 

method [14] and a highly efficient tool to study the transition pathways of such rare 

events as defect motion and interactions. NEB results ultimately helps us understand the 

atomistic simulation results from the perspective of experimental length and time scales.  

 

Our implementation of NEB method enables us with the capability of calculating the 

activation barriers of relevant unit processes that control the macroscopic plasticity in 

pure and irradiated BCC Fe. NEB also enables us to compute the activation energy as a 

function of stress, that in turn helps us compute the activation volume of the unit process. 

The stress-dependent activation volume is regarded as the kinetic signature of the 

deformation process [15] and hence yields significant physical information about the 

microscopic aspects of deformation and helps us identify the rate and strength limiting 

ones among the competing physical mechanisms. The stress dependant activation energy 

and activation volumes can further be used as material parameters for coarse-grained 

models like crystal plasticity, dislocation dynamics and so on [16]. In this work we 

develop a transition-state theory based, continuum level constitutive law which is 

implemented in a crystal plasticity framework. Apart from this approach and as 
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mentioned earlier, we also conduct large scale molecular dynamics simulations to 

investigate on irradiation induced defects like stacking fault tetrahedra and irradiation-

resistant interfacial materials. Each among the aforementioned works is described briefly 

in the sections to follow.  

 

1.1.2 Atomistically informed crystal plasticity model for BCC Iron  

 The mobility of dislocation in body-centered cubic (BCC) metals is controlled by the 

thermally activated nucleation of kinks along the dislocation core. Since plasticity in both 

pristine and irradiated BCC Fe is controlled by the motion of screw dislocation, we focus 

our study in Chapter 2 of this thesis, on deriving its kinetics through atomistic 

simulations and development of an atomistically informed crystal plasticity model. We  

employ a recent interatomic potential and the Nudged Elastic Band method, to predict the 

atomistic saddle-point state of 1112/1  screw dislocation motion in BCC iron that 

involves the nucleation of correlated kinkpairs and the resulting double superkinks. This 

unique process leads to a single-humped minimum energy path that governs the one-step 

activation of a screw dislocation to move into the adjacent }110{  Peierls valley, which 

contrasts with the double-humped energy path and the two-step transition predicted by 

other interatomic potentials. Based on transition state theory, we use the atomistically 

computed, stress-dependent kinkpair activation parameters to inform a coarse-grained 

crystal plasticity flow rule. Our atomistically-informed crystal plasticity model 

quantitatively predicts the orientation dependent stress-strain behavior of BCC iron single 

crystals in a manner that is consistent with experimental results. The predicted 

temperature and strain-rate dependencies of the yield stress agree with experimental 
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results in the 200K-350K temperature regime, and are rationalized by the small activation 

volumes associated with the kinkpair mediated motion of screw dislocations.  

 

 

1.1.3 Self Interstitial atom induced hardening and softening in irradiated BCC Iron 

 

 Plasticity in irradiated metals is strongly influenced by the hindrance to dislocation 

motion by irradiation induced crystalline defects like points defects, interstitial loops, 

voids and stacking fault tetrahedra. These defects are considered to contribute 

significantly to the macroscopic hardening response of the crystal. In Chapter 3, we 

investigate the interaction between self-interstitial atom and screw dislocation in 

irradiated BCC Fe using molecular dynamics and nudged elastic band calculations, in 

order to understand the dislocation motion in irradiated atmospheres. We find that the 

self-interstitial atom is  absorbed into the screw dislocation core thereby forming a unique 

three-kink structure. These kinks are structural kinks and are different from the thermally 

nucleated kinks that normally aid the dislocation motion at finite temperatures. The 

reaction pathway for the motion of the dislocation with the three-kink structure is found 

to be comprised of two energy barriers corresponding to kink nucleation and depinning 

via kink collision, respectively. This two-step reaction pathway is atypical and different  

from that of the single-humped pathway for the motion of a pure screw dislocation. At 

high/room temperature regime, the three-kink structure results in a hardening response of 

the crystal, while at low temperature it can undergoes stress-assisted depinning and 

motion that manifests as a softening response of the crystal. This specific kinetics of the 

three kinked dislocation is attributed to be the microscopic reason for the experimentally 

reported softening behavior of irradiated metals at low temperatures.  
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1.1.4 Deformation induced formation of stacking fault tetrahedra under non-

irradiated conditions  

 Stacking fault tetrahedra, which are three-dimensional crystalline defects bounded 

by stacking faults and stair-rod dislocations, are often observed in quenched or irradiated 

face-centred cubic metals and alloys. The stacking fault tetrahedra experimentally 

observed to date are usually supposed to originate from vacancies. In contrast to the 

classical vacancy-originated ones, we discover a new kind of stacking fault tetrahedra 

formed via the interaction and cross-slip of partial dislocations in Au nanocrystals. The 

complete atomic-scale processes of nucleation, migration and annihilation of the 

dislocation-originated stacking fault tetrahedra are revealed by in situ high resolution 

observations and molecular dynamics simulations and this forms the study of Chapter 4. 

The dislocation-originated stacking fault tetrahedra can undergo migration and 

annihilation due to mechanical loading in a manner that is not expected in bulk samples. 

These results uncover a unique deformation mechanism via dislocation interaction inside 

the confined volume of nanocrystals, and have important implications regarding the size 

effect on the mechanical behaviour of small-volume materials.  

1.1.5 Study of the interface mediated plasticity and implications for irradiation 

damage   

 

 Microscale and nanoscale engineered materials with internal interfaces like twin 

boundaries or grain boundaries have been found to be very effective in resisting 

irradiation damage. In Chapter 5, we perform molecular dynamics simulations on silver 

nanowires with a special five-fold twinned internal interfacial microstructure, so as to 

study the hardening behavior exhibited by these nanowires. Metallic nanowires usually 
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exhibit ultra-high strength, but low tensile ductility owing to their limited strain 

hardening capability. We study the unique strain hardening behavior of five-fold twinned 

Ag nanowires by nanomechanical testing and atomistic modeling. In situ tensile tests, 

conducted inside scanning electron microscope (SEM), revealed strong strain hardening 

behavior of the five-fold twinned Ag nanowires, otherwise not pronouncedly exhibited by 

single crystalline nanowires. Molecular dynamics simulations captured such hardening in 

Ag nanowires containing twin boundaries and pre-existing defects. Strain hardening was 

found to be size dependent: thinner nanowires achieved more hardening and higher 

ductility. The size-dependent strain hardening was shown to be caused by the obstruction 

of surface nucleated dislocations by twin boundaries. Our work in this chapter provides 

mechanistic insights into enhancing the tensile ductility of metallic nanostructures by 

engineering the internal interfaces. The knowledge gained can be applied to further study 

the interactions of twin boundaries with irradiation-induced point and line defects.  
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CHAPTER 2 

ATOMISTICALLY INFORMED CRYSTAL PLASTICITY MODEL 

FOR BCC IRON 

 

2.1 Introduction  

 

 Plastic flow in body-centered cubic (BCC) metals is controlled by the motion of 

screw dislocations due to their high intrinsic lattice resistance [11, 17, 18]. The resolved 

shear stress required to move a screw dislocation at 0K (i.e., Peierls stress) is much 

higher than that for the edge dislocation, owing to the three-fold compact core of the 

former. However, this inherent difficulty to move a screw dislocation at finite 

temperatures can be mitigated by the thermal activation of kinks, which are essentially 

local perturbations on the straight dislocation line arising from the thermal fluctuation of 

atoms at the dislocation core. Hence, at finite temperatures (and low stresses) thermal 

activation of kinks is the rate-limiting step for the motion of screw dislocations in BCC 

metals [19].  

 Thermally activated dislocation motion and its influence on the macroscopic 

plasticity of BCC crystals comprise a multiscale problem due to the extremely fine length 

and time scales of atomic vibration and the coarse scales of dislocation motion and 

interaction during plastic flow. Regarding the atomistic aspect of this problem, molecular 

statics studies have considered the Peierls stress for dislocation motion based on two-

dimensional (2D) simulations [20-24]. They also evaluated the material parameters 

quantifying the so-called non-Schmid effects on the Peierls Stress, i.e., the effect of (non-

glide) stresses other than the maximum resolved shear stress [25].  However, these 
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studies were limited to the 2D mode of dislocation motion at 0K and could not account 

for the three-dimensional (3D) nature of the kinetics of dislocation motion via kink 

formation in the finite temperature regime.  

 Molecular dynamics (MD) studies have also been performed in the past with the aim 

of understanding the motion of screw dislocations for example in BCC Fe at finite 

temperatures [20, 26, 27]. However, direct MD is limited in simulation of the kinetic 

dislocation motion owing to the rare event nature of thermally activated kink nucleation. 

Also, the stress levels predicted using MD are elevated due to the high strain rates, and it 

is implausible to use MD to predict the stress-strain behavior of typical laboratory 

experiments at low strain rates. These limitations of MD underscore the need for a 

coarse-grained approach that can predict mechanical behavior at longer time scales 

without sacrificing the richness of atomistic information to inform the rate-controlling 

mechanisms of dislocation motion.  

 One coarse-grained modeling approach involves computing activation parameters of 

unit processes of thermally activated dislocation motion and then using them to inform a 

crystal plasticity model by invoking transition state theory [13]. In this scheme, the 

Nudged Elastic Band (NEB) method [14, 28, 29] has been used to compute the activation 

parameters of kink nucleation along a screw dislocation in BCC metals [30-33]. For 

example, Groger and Vitek [30] employed a periodically varying analytical Peierls 

potential for NEB studies of BCC Mo. Ngan and Wen [31] used the NEB method and 

Embedded Atom Method (EAM) potential to study kink nucleation along the core of a 

screw dislocation in BCC Fe. They predicted a degenerate dislocation core that is 

inconsistent with the non-degenerate core predicted by newer EAM potentials [34, 35], 
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Bond Order potential [21] and Density Functional Theory (DFT) [36]. The EAM 

potential for Fe used in [32] yielded the metastable dislocation core and associated 

double-humped minimum energy path which are likely artifacts of the potential, based on 

comparison with more accurate DFT studies [36, 37]. Recently, Proville et al. developed 

an EAM potential (hereafter referred to as Proville-EAM) [33] that predicted a single-

humped 2D energy barrier, which agrees with the DFT results.  

 In this work, we employ the Proville-EAM potential and NEB method to compute the 

stress-dependent activation parameters for the 3D mode of thermally activated screw 

dislocation motion. We find a single-humped reaction pathway (i.e., minimum energy 

path) that is physically manifested as a correlated process of nucleation of leading and 

trailing kinkpairs, each of which consists of two atomically discrete kinks.  Such a 

composite kink structure arises from the discrete 3D nature of the saddle-point state of 

screw motion, in contrast to the conventional line tension model of kink nucleation [19].  

The corresponding atomistic material parameters are used to inform a plastic flow rule by 

invoking transition state theory. This atomistically informed crystal plasticity model 

predicted the deformation behavior of BCC Fe single crystals, specifically for the 

experimentally relevant low stress and finite temperature regime, where kink activation is 

the rate-limiting step in the kinetics of screw dislocation motion. This departs from other 

atomistically informed crystal plasticity models for BCC crystals [23, 38, 39] and other 

coarse-grained models [40, 41] that adopt an empirical relation [42] for describing the 

energetics of kink nucleation as a function of stress. The predictions of the orientation 

dependent tensile stress-strain relation from our model are in good agreement with 

experimental results for a BCC Fe single crystal [38, 43], thus providing some measure of 
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validation. Our model also predicts the temperature dependence of the yield stress, in 

quantitative agreement with the experimental results for BCC Fe [44]. The details of our 

atomistic methods and the crystal plasticity model are described in Section 2.2. The 

results and their implications are discussed in Section 2.3 and 2.4, respectively. 

Concluding remarks are given in Section 2.5. 

 

2.2 Methods 

 The atomistic Nudged Elastic Band method and the atomistically informed crystal 

plasticity model are described in detail in the following two subsections, respectively.  

 

2.2.1 Atomistic modeling    

 The Nudged Elastic Band (NEB) method is capable of effectively determining the 

reaction pathway and activation parameters of a stress-driven, thermally activated process 

to enable application of transition state theory for dislocation kinetics [45-48]. In this 

work, we used the NEB method to compute the minimum energy path and associated 

activation energy of a unit process of dislocation slip via kink nucleation in BCC Fe 

single crystals. As briefly discussed in the Introduction, the widely-used EAM potential 

developed by Mendelev et al. [34] is a favorable candidate for the atomistic simulations, 

since it well predicts the properties and also predicts a non-degenerate core for the screw 

dislocation, unlike its predecessors which had predicted a degenerate core structure [49, 

50]. However, this potential predicts a double-humped 2D Peierls barrier with a 

metastable minimum, which is inconsistent with the single-humped Peierls barrier 

predicted by DFT [36, 37]. The most recent version of the Mendelev-EAM potential [35] 
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also predicts a double-humped barrier, although the depth of the metastable valley is less 

pronounced than its earlier one. Recently, Proville et al. [33] developed an EAM 

potential that predicted a single-humped Peierls barrier with an activation energy close to 

that predicted by DFT. Hence, we use the Proville-EAM potential for carrying out the 

atomistic simulations aimed at obtaining the mechanistically-based material parameters 

for the crystal plasticity model.  

 Figure 2.1(a) shows the 3D simulation supercell embedded with a screw dislocation 

at its ground state. The x, y and z axes are respectively oriented along the ]111[ , ]011[


 

and ]121[


 directions. The simulation supercell is 54 nm long along its out-of-plane ]111[  

direction and its in-plane dimensions are 25nm and 25nm, respectively. For the 2D 

molecular statics calculations of the Peierls stress, we used the same setup but with a 

reduced out-of-plane dimension of 12.5 nm. The 1/2[111] screw dislocation is created at 

the center of the supercell by superimposing its elastic displacement field and 

subsequently relaxing the supercell with conjugate gradient method to obtain the 

minimum energy state. The outermost )011(


 and )121(


 planes constituting the in-plane 

boundaries are traction free and hence fully relaxed so as to avoid the effect of stresses 

perpendicular to the glide direction. The shear stress required to move the dislocation is 

exerted by imposing a displacement-controlled boundary condition on a thin boundary 

layer of )011(


 face, while the bottom boundary layer is held fixed. The dislocation glides 

on the maximum resolved shear stress plane (MRSSP), which is the )011(


 plane for our 

setup.  In this chapter, all the atomic configurations are colored by the centro-symmetry 

parameter [51] for showing the core structure of the screw dislocation. 
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Fig. 2.1 Atomistic simulation set-up. (a) 3D perspective view of the supercell and the 

dislocation at its initial energy minimum state colored by centro-symmetry parameter 

[51]. (b) Schematic of the supercell showing details of the loading scheme.  

 

 NEB calculations were performed using the parallel molecular dynamics simulator 

LAMMPS [52]. Results were verified using an in-house NEB code. The initial state of 

the screw dislocation in the NEB simulation is shown in Fig. 2.1(a), and the final state is 

the energy minimum state of the same dislocation moved by one atomic distance from its 

initial state into the adjacent }110{  Peierls valley. The intermediate replicas are generated 

by linearly interpolating between atomic coordinates of the initial and final states. All the 

replicas are interconnected with springs that exert inter-replica forces, so as to rearrange 

replicas equi-distantly along the minimum energy path. The climbing image algorithm 

[53] is used to locate the saddle point of the energy barrier. The results were found to be 

insensitive to the value of the spring constant. A force tolerance of 0.05 eV/


A  is 

employed to check the convergence of the NEB simulation.  
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2.2.2 Atomistically informed crystal plasticity modeling  

 We employ the crystal plasticity model structure of Asaro and Needleman [54] and 

Kalidindi et al. [55] to study the elastic-viscoplastic behavior of BCC Fe single crystals.   

In the continuum mechanics framework of finite deformation, the deformation gradient 

tensor F  is decomposed as p

*
FFF  , where 

*
F  and pF  are the elastic and plastic 

deformation gradients, respectively. The time rate of the plastic deformation gradient is 

given by   

  ppp FLF   (1)  

where  

      




 0p SL    (2)  

is the plastic deformation velocity gradient and  

000 nmS  , where 


0m  and 


0n  are 

fixed orthonormal unit vectors, defining respectively the slip direction and slip plane 

normal of the  111110  slip system   in the reference configuration. Here,   is the 

plastic shearing rate on slip system  , given by Orowan's relation   vb , where b  

is the Burgers vector length of the screw dislocation,   is the mobile dislocation density, 

and v  is the dislocation velocity on slip system  .  Using transition state theory, the 

flow rule for   is related to the stress-biased activation energy for dislocation motion, 

i.e.,  
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where 
0v  is the reference dislocation velocity, H  is the activation energy for unit 

dislocation slip, Bk  is the Boltzmann constant, T  is the absolute temperature, and  eff
 is 

the effective shear stress that drives dislocation motion on slip system  .  Since kink 

nucleation is the rate-limiting step for screw dislocation motion, it controls the kinetics in 

Eq. (3) via dependence on the associated activation energy H , as discussed later.   

Combining the Orowan relation with Eq. (3) leads to 
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   (4) 

where the pre-factor 0  is the reference strain rate. The effective resolved shear stress 

 eff
 on slip system   is expressed as the difference between the applied resolved shear 

stress and the athermal slip resistance 
as  due to the long-range barriers, i.e., 

    aeff s   (5) 

Based on the assumption that elastic stretch is infinitesimal for metals,   can be 

expressed as  

  
 0

*

0

** ::)( STSTC   (6) 

where *
C  is the right Cauchy-Green tensor given by 

*T**
FFC   and 

*
T  is the second 

Piola-Kirchhoff stress tensor  [55].   

 The stress-dependant kink activation energy H in Eq. (4) can be written in the Kocks 

form [42] as  

  

q
p

s
HH

























0t

eff
0 1

        (7)                  
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where 0H  is the activation energy for dislocation motion when the effective shear 

stress  eff
 is zero, p and q  are the profiling parameters, and 

t0s  is the thermal slip 

resistance at 0K (Peierls stress), assuming the same value for all the slip systems 

t0t0 ss 
 [56]. Since the thermal part of the slip resistance in BCC metals is primarily 

due to the lattice resistance that does not evolve with deformation, we treat 
t0s  as a 

constant. Thus, the part of the total slip resistance that evolves is the athermal slip 

resistance 
as  due to the long-range barriers. The evolution of 


as , with the same initial 

value for all the slip systems a0a0 ss 
[56], is prescribed as  

  



  hqs a
  (8) 

where 
q  is the hardening matrix [54] given by 

 )1( QQq   ( Q  is the latent 

hardening coefficient and   is the Kronecker delta), and h  is the self-hardening rate 

of slip system  given as  
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s
hh

r

 (9) 

where 
0h is the initial self-hardening rate, r is a material parameter and 

sa,s  is the 

saturation value of the athermal slip resistance.  

 The crystal plasticity model illustrated to this point is the standard approach. We next 

explain how information regarding the unit process of kink nucleation from the atomistic 

model is bridged with the crystal plasticity model. The atomistic NEB calculation  
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(as explained in Section 2.2.1) enables the quantification of kinkpair activation energy H  

as a function of the effective applied shear stress  eff
. The atomistically computed data 

for H  versus  eff
 are then fit to the Kocks form as in Eq. (7). Thus, the values of the 

parameters 0H , p , q  and 
t0s  in Eq. (7) are determined from our atomistic results.  

 The pre-exponential factor 0  in Eq. (4) is also atomistically informed and estimated 

as follows.  Assuming that the Debye frequency 
Dv  for BCC Fe can be used as a 

quantitative measure for the attempt frequency of nucleation of thermal kinks, 0  can be 

approximately written as [30] 

  
l

vab D

2

0


    (10) 

where l  is the lateral extent of kinks at the saddle-point state and a  is the distance that 

the dislocation moves in one activation step, equal to the lattice constant in the ]121[


 

direction. The value of l  can be estimated from our atomistic results and thus 0  

becomes an atomistically informed property for a given mobile dislocation density.  

 We choose to consider only the twelve  111110  slip systems in our crystal 

plasticity model [16] and exclude the twelve  111112  slip systems. This is because we 

have found in our atomistic studies that each unit process of slip in a  112  plane 

proceeds by two individual slip steps on the non-parallel  110  planes. As a result, the 

rate-limiting step for slip on a  111112  slip system is still the formation of kinks on the 

 111110  slip system that is studied in this work. However, in the case of the MRSSP 

close to  112  (wavy slip  on  112  has been often observed at finite temperatures in 
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BCC metals [57]), our viscoplastic formulation can effectively approximate the kinematic 

effect of plastic shear on the  111112  slip system through simultaneous activation of 

the most highly stressed primary slip system of  111110  and other less stressed ones. 

In addition, experimentally observed finite temperature cross slip into any 

crystallographic plane between the primary and secondary  111110  slip systems can 

also be activated depending on the ratio of the number of elementary steps on the primary 

and the secondary  111110  planes. The simultaneous activation of multiple  111110  

systems is facilitated by the relatively small activation volume of screw dislocation 

motion in BCC metals and accordingly large strain rate sensitivity, to be detailed later.  

 

2.3 Results 

2.3.1 Molecular statics and 2D NEB   

 We performed several benchmark calculations to verify that the Proville-EAM 

predicts the correct features of the BCC Fe apart from the basic crystalline properties 

verified in [33]. Figure 2.2 shows the differential displacement plot of a screw dislocation 

core [58] as predicted by Proville-EAM based on a conjugate gradient energy 

minimization calculation. The core spreads onto the three  110  planes of the [111] zone 

and is non-degenerate, as it does not exhibit dyadic asymmetry.  
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]011[


]121[


 

Fig. 2.2 Differential displacement plot of the non-degenerate screw dislocation core 

predicted by Proville-EAM. 

 

 The non-degeneracy of the core is in accordance with the DFT results [36, 37]. We 

also evaluated the 0K Peierls stress as a function of the orientation of the MRSSP, using a 

conjugate gradient energy minimization loading scheme. Anti-plane shear was applied 

onto a 2D simulation cell, which corresponds to the 3D simulation cell in Fig. 2.1 with 

reduced thickness. The incremental displacement was imposed on a boundary layer of the 

)011(


 plane, with energy minimization carried out after each increment. The magnitude 

of the incremental displacement was controlled to limit the build-up of stress to 

44001.0 C , where 44C  is the elastic constant of BCC Fe. To evaluate the orientation effect 

on MRSSP, new configurations were created by rotating the simulation cell about the 

]111[  axis in Fig. 2.1 by an angle  , whose magnitude is between -30
°
 and +30

°
 owing to 

the symmetry of the BCC lattice. As shown in Fig. 2.3, the orientation dependent Peierls 

stress does not follow Schmid's law and instead exhibits an asymmetry which is due to 

the twinning-antitwinning asymmetry intrinsic to the BCC lattice [20, 21]. 
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Fig. 2.3 Orientation dependence of the Peierls stress predicted by Proville-EAM in 2D 

simulations. The results are fit to an equation of the form [21] 









 )

3
cos(cos)(CRSS 1

*

cr


 a  and the values of the fitting parameters are  

 50.01 a and  27.1*

cr  GPa. 

 

 We also conducted 2D NEB calculations of the energy barrier for the screw 

dislocation motion, in order to compare different EAM potentials. While the physically 

meaningful energy barriers require 3D NEB calculations, the 2D NEB study can be 

readily compared with the computationally intensive DFT results, thereby providing a 

quick check regarding the quality of EAM potentials. The 2D NEB result from Proville-

EAM is compared with that predicted by Mendelev-EAM in Fig. 2.4. The Proville-EAM 

predicts a single-humped curve, while the Mendelev-EAM predicts a double-humped one 

with a metastable intermediate state, as discussed earlier. The saddle-point energy of 

0.028 eV per b from Proville-EAM is comparable to that from DFT [33].  
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Fig. 2.4. 2D Peierls barriers predicted by Proville-EAM and Mendelev-EAM potentials. 

 These results show that the Proville-EAM can effectively describe dislocations in 

BCC Fe. However, since these 2D calculations cannot capture the 3D localized mode of 

kink nucleation as the rate-limiting step of screw dislocation motion, we proceed next 

with 3D NEB simulations.   

 

2.3.2 Correlated kinkpair nucleation 

 3D NEB simulations were carried out with the simulation setup in Fig. 2.1 to study 

the mechanism of kink nucleation and obtain the stress-dependent activation parameters. 

Figure 2.5(a) shows a converged minimum energy path for the unit process of thermally 

activated screw dislocation glide under zero applied stress, in which the energy of 

replicas is plotted against the reaction coordinate defined as the normalized path length of 

minimum energy path.  
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Fig. 2.5  3D NEB results of thermally activated screw dislocation motion at zero stress. 

(a) Minimum energy path for the correlated kinkpair nucleation. (b) Atomistic 

configurations of the corresponding replicas along the minimum energy path. 

 

The atomistic configurations of replicas are shown in Fig. 2.5(b). Replicas 1 and 19 are 

respectively the initial and the final states of the unit process, where the core of the screw 

dislocation moves by one atomic distance on the )011(


 plane, along the  ]121[


  direction. 

The rest of the configurations are those of intermediate replicas on the minimum energy 

path.  The saddle-point state is replica 7 and it has an energy of 0.57 eV, assuming the 
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initial state has zero energy. It can be seen that the dislocation moves one atomic distance 

by the nucleation of four different kinks, K1, K2, K3 and K4, as marked in the replicas of 

Fig. 2.5(b). K1 and K2 are hereby defined as the leading kinks and together form the 

leading kinkpair, while K3 and K4 are defined as the trailing kinks and together form the 

trailing kinkpair, the reasons for which are discussed below.  

 To understand the crystallographic details of the kinkpair nucleation, it is important to 

first understand the structural changes to the dislocation core due to the nucleation of the 

kinkpairs.  For that purpose, we plot the differential displacement (DD) maps of various 

points along the dislocation line at its saddle state (replica #7 of Fig. 2.5(b)). The results 

are shown in Fig. 2.6. Figures 2.6(b-f) are the DD plots of the cross-sections (with ]111[  

as their normals) as marked on the saddle state of Fig. 2.6(a). The four individual kinks 

are also marked. The three }110{ planes of the ]111[  zone are marked in the DD plot in 

Fig. 2.6(b).  Figure 2.6(b) shows the non-degenerate compact core of the part of the 

dislocation in the initial Peierls valley, P1, marked as point (b).  As can be noted, the core 

is compact and spread equally into the three }110{  planes.  
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Fig. 2.6 Differential displacement plots. (a) Saddle point state (replica #7 of Fig. 2.5(b)). 

(b-d) DD plots of the dislocation core at various points along the dislocation line, as 

marked in Fig. 2.6(a). 

 

Point (c) on the dislocation line denotes the local core spreading due to the first leading 

kink, K1. The corresponding DD plot shows that the core is spread along the )011(


 plane. 

Figure 2.6(f) shows the compact core state of the part of the dislocation line in the new 

Peierls valley, P2; and Figs. 2.6(d-e) show the rest of the split core states between the two 

compact core states. Thus, the compact core states in the adjacent Peierls valleys (points 

(b) and (f)) are progressively bridged by the split-core states of points (c), (d) and (e) 

which in total involve the four atomistically discrete kinks; K1-K2 (leading kinkpair) and 
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K3-K4 (trailing kinkpair). Meanwhile, the saddle state predicted by Mendelev-EAM has 

a split-core state that is uniformly the same along the dislocation line, as can be seen in 

the replica #11 in Fig. 2.7(b). The DD plot of its core structure is as in Fig. 2.7(c) and is 

comparable to the short split-core segment represented by point (d) in the saddle state of 

Fig. 2.6(a). 

11

1

21

7

6

K4

K1

K2

K3

15

14

]111[

]121[


(a)

(b)

]011[


]121[


(c)

K1

K2

K3

K4

 

Fig. 2.7. Uncorrelated kinkpair nucleation predicted by Mendelev-EAM for zero stress. 

(a)  Double-humped minimum energy path. (b) Atomistic configurations of the 

corresponding replicas along the minimum energy path. (c) DD plot of the split-core state 

of the saddle state (replica #11) in (b).  

 

 The salient feature of our 3D NEB result is the activation mechanism of correlated 

kinkpair nucleation, which results in a single-humped minimum energy path unlike the 
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Mendelev-EAM that predicts a double-humped one [32], as shown in Fig. 2.7(a). Figure 

2.8(a) shows a perspective view of the saddle-point state (replica 7 in Fig. 2.5(b)) colored 

based on centro-symmetry parameter and its crystallographic details, as understood from 

Fig. 2.6 and Fig. 2.8(a) are shown in the schematic of Fig. 2.8(b). The kinks K1 and K2 

(leading kinkpair) nucleate first and are colored in red, while the kinks K3 and K4 

(trailing kinkpair) nucleate subsequently, and are colored in green. Thus the saddle-point 

state is composed of both the leading and the trailing kinkpairs, unlike the split-core 

saddle state predicted by Mendelev-EAM (see Fig. 2.7(b)). Such a nucleation event, in 

which both the leading kinkpair and the trailing kinkpair nucleate simultaneously, can be 

considered as a correlated mode [32] and is the reason for the usage of the term 

'correlated kinkpair nucleation'.  

It can be observed that the correlated kinkpair nucleation involves two adjacent 

)011(


planes. In Fig. 2.8(b), the top )011(


 plane and the kinks contained in it are 

represented by solid lines, while the bottom plane and its kinks are represented by dotted 

lines. The leading kink K2 and the trailing kink K3, lie on the top )011(


plane and shift 

the two atomic columns on the top )011(


 plane by one lattice distance, while the leading 

kink K1 and the trailing kink K4 lie on the bottom )011(


 plane and shift the bottom 

column by one lattice distance, which together translate the dislocation line into the new 

Peierls valley, P2. Hence, a single event of correlated kinkpair nucleation involves the 

coordinated movement of kinks on two )011(


 planes of the ]111[  zone.  
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Fig 2.8 Atomistic details of correlated kinkpair nucleation. (a) Perspective view of the 

saddle point state showing the double superkink, SK1 and SK2, as well as the constitutive 

individual kinks, K1 to K4. (b) Schematic showing the crystallographic details of the 

saddle-point configuration.  P1 and P2 indicate the adjacent Peierls valleys. Note that the 

top )011(


 plane and the kinks within this plane are represented by solid lines, while the 

bottom plane and its kinks are represented by dotted lines.  

 

 The leading and trailing kinkpairs are collectively defined as one superkink, marked 

as SK1 in Fig. 2.8(a). The prefix 'super' emphasizes the composite nature of each 

superkink, composed of four constituting kinks. Incidentally, the superkink should not be 

confused for a kink traversing several lattice valleys, which has been termed as a 'macro-

kink' [59].  Note that the nucleation event of an opposite superkink occurs simultaneously 

and is marked as SK2 in Fig. 2.8(a). As a result, the saddle-point configuration involves a 

double superkink containing two superkinks of opposite signs, and each superkink 

consists of leading and trailing kinkpairs. 
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 The formation of double superkinks produces a localized displacement of the screw 

dislocation from the Peierls valley P1 to P2 on the )011(


 plane via a one-step transition, 

as shown in Fig. 2.8(b).  This unique one-step transition and its single-humped activation 

pathway contrast with the two-step transition and the associated double-humped 

activation pathway predicted by other interatomic potentials, e.g., Fig. 2.7(a). This will be 

further addressed in the Discussion section. The distance between the leading kinks K1 in 

the double-superkink structure at the saddle point corresponds to the value for l  in Eq. 

(10) for determining the pre-factor 0  and is characteristically around 25 b .  

 

2.3.3 Stress-dependent kinkpair activation energy and activation volume   

 We repeated NEB calculations for varying levels of applied shear stress to 

characterize the stress dependence of the activation energy for correlated nucleation of 

kinkpairs (i.e. double superkinks of opposite signs). The initial and final states for the 

NEB calculation were maintained at similar shear-stress levels by holding constant the 

finite-displacement of the surface layer. Figure 2.9(a) shows the minimum energy paths 

for various applied shear stresses.  
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Fig. 2.9 Shear stress-dependent minimum energy path (MEP) and activation energy. (a) 

MEPs for correlated kinkpair nucleation at finite shear stresses. (b) Data points of 

calculated activation energy versus shear stress, fit to a curve of the Kocks form as in Eq. 

(7). (c) Calculated activation volume as a function of shear stress, compared with 

experimental measurements by [44] and [60].  

 

As the shear stress is increased, the minimum energy path is tilted and the saddle-point 

energy is reduced accordingly. At an applied shear stress around 1.04 GPa, the energy 

barrier vanishes, which implies that the kinkpair nucleation occurs spontaneously at this 

stress level without the need for overcoming a barrier by thermal activation. This stress 

value should thus correspond to the classical Peierls stress at 0K, which is conventionally 

used as a quantitative measure for the intrinsic lattice resistance to dislocation motion. 

Our 2D simulation results shown in Fig. 2.2 also predicted the same magnitude for the 

Peierls stress (for 0 ), which thus serves as a check for the 3D NEB implementation 
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and results. Incidentally, the minimum energy paths in Fig. 2.9(a) are similar to those 

reported by Proville et al. [33]. However, they did not study the atomic details of the 

activation mode and did not consider their implications for crystal plasticity modeling.   

 Figure 2.9(b) shows the activation energy H  as a function of the applied shear stress, 

which is denoted as  eff
 in our crystal plasticity model. The data points in the plot of 

H versus  eff
  can be fit to Eq. (7) to obtain the material parameters for quantifying the 

kinkpair nucleation kinetics. The activation energy for dislocation motion at zero stress, 

0H , is the intercept of the H  versus  eff
 curve on the y-axis, given by 0.57 eV. The 

thermal slip resistance at 0K, t0s , is the intercept on the x-axis, given by 1.04 GPa. They 

will be further discussed later. The dimensionless profiling parameters, p  and q , are 

0.667 and 1.18, respectively. These atomistically determined  values are numerically 

close to 748.0p  and 172.1q , derived by Tang et al. [40] by fitting to the 

experimental results for BCC Ta. But our values of p  and q  differ significantly from the 

ones customarily assumed in crystal plasticity models, e.g., 1p  and 2q  as in [23], 

1p  and 1q  as in [38]. To evaluate 0  in Eq. (10), we first estimate the Debye 

frequency for Fe according to [61] 

  
sv

V

N
v

3/1

D
4

3











 (11) 

where VN /  is the number density of the BCC lattice (
3

A0846.0


) and sv  is the speed of 

sound, which is equal to 5130 m/s in Fe.  The value of Dv  is thus estimated to be 

131039.1 
 
/s. The dislocation density is assigned as 10

15
 /m

2
, which is a reasonable value 

for plastically deformed crystals at moderate levels of deformation. As discussed earlier, 
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the value of l  is characteristically about 25 b , corresponding to the length between the 

two superkinks at the saddle state in NEB results. The value of a  is numerically equal to 

the lattice constant in the ]121[


 direction, which is 2.298 


A . Given all these values, Eq. 

(10) yields /s1019.3 7

0  .  The values of the above atomistically determined material 

parameters are listed in Table 1.  

 

Table 2.1 Atomistically determined parameters for stress-dependent activation energy H  

and shearing rate prefactor  0

 . 

0H  
t0s  p  q   0  

0.57 eV 1.04 GPa 0.67 1.18 /s1019.3 7  

 

 The stress-dependant activation volume, *V , for the nucleation of double superkinks 

can be estimated from the slope of the H  versus  eff
 curve, as it is defined as 









eff

eff* )(






H
V . Note that the activation volume is a function of stress, as shown in Fig. 

2.9(c), and decreases as stress is increased, which correlates well with the experimental 

estimates from the strain-rate sensitivity measurements [44, 60]. For stresses greater than 

0.2 GPa, the activation volume varies slowly between about 32b  and 37b . Below 0.2 

GPa, the activation volume starts increasing at a faster rate, since the rate of change of the 

slope of the H  versus  eff  curve is larger in this regime. Overall, the computed activation 

volume is small, in the range of 320~1 b . These characteristically small activation 

volumes are expected, since the nucleation of double superkinks is a highly localized 
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mode of displacement of the dislocation core, occurring over a length scale of a few 

nanometers. The small activation volumes could lead to significant temperature and strain 

rate sensitivity of the yield stress [48], as shown next. 

 

2.3.4 Stress-strain behavior from crystal plasticity simulations  

 The atomistically determined material parameters in Table 1 are introduced into our 

crystal plasticity model, so as to enable the atomistically informed simulation of uniaxial 

tensile tests of BCC Fe single crystals. In this work, we focus on the orientation, 

temperature and strain rate dependence of the yielding and hardening behavior. The 

elastic constants for BCC Fe are set to C11 = 236 GPa, C12 = 134 GPa, and C44 = 119 GPa 

[23, 38].  Table 2 lists the values of all other material parameters in our model, apart from 

the atomistically determined ones in Table 1.  Essentially, the parameters in Table 2 

characterize the work hardening behavior rather than initial yield stress. Simulation 

results are compared with experimental results for BCC Fe single crystals [43]. The strain 

rate employed in our crystal plasticity simulations was /s103.3 4 , consistent with the 

strain rate used in the aforementioned experiments.  

Table 2.2 Material parameters for the crystal plasticity model. 

 

)( a0a0

ss   
0h  Q r  )( sa,sa,

ss   

18 MPa 500 MPa 1.4 1.8 160 MPa 



 35 

   

Fig. 2.10 Orientation dependent stress-strain behavior of BCC Fe predicted by our 

atomistically informed crystal plasticity model and compared with experimental stress-

strain curves [43]. 

 

Figure 2.10 shows the stress-strain curve of uniaxial tension for three different 

orientations, i.e., ]100[ , ]110[  and ]111[ , compared with their corresponding experimental 

curves. It is noted that our atomistic results predict the temperature- and rate-dependent 

flow, while the work hardening is a result of correlation of the overall dataset of model 

parameters.   

 The atomistically informed crystal plasticity model exhibits a strong orientation 

dependence of initial yield stress and work hardening that matches the corresponding 

experimental data reasonably well. Such orientation dependence can be qualitatively 

understood in terms of the Schmid factors. Namely, the orientation difference between 

the applied load and the primary slip system is mainly responsible for the difference of 

the tensile stress at the yield point.  
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(a)

(b)

 

Fig. 2.11 Predictions from our atomistically informed crystal plasticity model for tensile 

loading along the ]100[  orientation. (a) Temperature dependence of stress-strain behavior 

at a strain rate of s/103.3 4 . (b) Strain rate dependence of stress-strain behavior at 

300K.   

 

 Figures 2.11(a) and (b) show the tensile stress-strain curves predicted by the 

atomistically informed crystal plasticity model for various temperatures and strain rates, 

for the ]100[  loading orientation. The results show that the plastic behavior of BCC Fe 

single crystals depends strongly on temperature and strain rate, which is understandable 

considering the small activation volumes ( 320~1 b ) associated with the localized 
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nucleation of kinkpairs and the small distance between the two superkinks. The strain rate 

dependent yield stresses in Fig. 2.11(b) are used to calculate the rate sensitivity parameter 

m  according to  








ln

ln eff




m , giving 05.0m .  This value falls within the range of 

experimentally determined values for BCC Fe of various grain sizes, as reported by Wei 

et al. [62].  

 The yield stress from our crystal plasticity simulations is extracted as a function of 

temperature for the ]100[  loading orientation and is compared in Fig. 2.12 with the 

experimental results by Kuramoto et al. [44] and Brunner et al. [63]. The yield stress 

predictions match very well with those by experiments for the temperature range 200K-

350K, which is of our interest in this work. Below 200K, we find that the yield stress 

predictions by our model are higher than the experimental values and lack quantitative 

agreement. This discrepancy is expected, considering the high values of the Peierls stress 

predicted by the EAM potentials in general which are around 2 to 3 times the 

experimentally observed yield stresses at finite temperatures, extrapolated to 0K. Such 

inconsistency between the atomistic and experimental predictions of yield stresses has 

been well discussed in the literature. 
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Fig. 2.12 Yield Stress as a function of temperature for the ]100[  loading orientation: 

comparing crystal plasticity results with experimental results from [44] and [63]. 

 

However, it is not fully resolved yet, even though various explanations such as the 

quantum effect [33, 64], effect of interaction between a group of dislocations [65], role of 

mixed dislocations in controlling the yield [66], etc. have been suggested in the past. 

Irrespective of this unresolved issue, our study proves that kinkpair activation parameters 

obtained from NEB calculations can be successfully incorporated into a crystal plasticity 

model to predict the macroscopic stress-strain behavior at low stresses in the regime 

around room temperature.  

 

2.4 Discussion 

 In this section we discuss the implications of our atomistic results regarding kinkpair 

nucleation, as well as the assumptions made in our atomistic and crystal plasticity 

models, and their linkage. First, we emphasize that the mechanism of correlated kinkpair 

nucleation revealed in our atomistic simulations is a direct outcome of the single hump of 
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the energy barrier predicted by Proville-EAM. We observed that the correlated kinkpair 

nucleation occurred at all levels of applied shear stress (below the Peierls stress). This 

observation contrasts with the approach of Gordon et al. [32] who achieved the correlated 

mode (while employing the Mendelev-EAM) by tailoring the atomistic configurations of 

the correlated mode. However, they were able to realize the correlated mode only for 

very low shear stress levels; above a threshold value of 80 MPa, the correlated mode 

spontaneously transformed to the uncorrelated mode, due to the double-humped energy 

barrier predicted by the Mendelev-EAM potential.  

 The atomistic details illustrated in Figs. 5 , 6 and 8 clearly show the correlated 

kinkpair nucleation and the resulting thermal activation of screw dislocation motion by 

double   superkinks. These results enrich the classical picture of double-kink nucleation, 

which is supposed to be comprised of only two separated individual kinks (of opposite 

signs) activated on the glide plane, an example for which is the double kinks formed in Si 

[67]. In the case of BCC Fe, the compact screw dislocation core is spread into the three 

 110  planes of the ]111[  zone, involving three non-parallel ]111[  columns of atoms. 

Hence, a unit process of dislocation motion crystallographically necessitates the 

formation of kinkpairs, where the two individual kinks of a kinkpair lie on two adjacent 

glide planes instead of being on a single glide plane.   

 The 3D mode of thermally activated dislocation motion by the nucleation of kinkpairs 

at high/room temperatures is also in contrast with the 2D picture of dislocation motion by 

means of split-core states as studied in previous 2D atomistic modeling [21-23]. The 2D 

split-core states, when extrapolated to 3D, will correspond to the entire dislocation line 

with a split-core state, akin to the uniformly split-core dislocation line predicted by 
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Mendelev-EAM (Fig. 2.7(b)). Such a dislocation line with a uniform split-core state is 

energetically unfavorable because the system energy increases linearly with the length of 

the dislocation line without limit. Hence, the concept of 2D mode of dislocation motion 

has less significance with respect to the kinetics of screw dislocations.  

 We next discuss the major assumptions that we have made in our work and their 

implications with respect to the results we have obtained in our atomistic and crystal 

plasticity simulations.  First, the vibrational entropy associated with kinkpair nucleation 

was not directly considered in our estimate of dislocation mobility. The consequence is 

that the kinkpair activation free energy is approximated by the kinkpair activation energy 

from NEB calculations.  This further means that we did not account for the contribution 

from the stress dependent entropy while computing the prefactor 0 . In other words, the 

Meyer-Neldel compensation law, which would have otherwise predicted a different value 

for 0  by incorporating the stress-dependent entropic contribution into the attempt 

frequency, is considered negligible in our kinkpair kinetics when the loading range is 

relatively small [14].    

 Our second assumption relates to the effect of crystal zero-point vibrations that has 

been studied recently by Proville et al. [33]. They modified the classical transition state 

theory by including the effect of quantized crystalline vibration modes, and employed 

these to estimate the yield stress values of BCC Fe that was found to be significantly 

lower than those predicted by the classical transition state theory, at temperatures lower 

than 80K. They also observed that, for temperatures above half the Debye temperature 

(which is around 480K for BCC Fe), the quantum-corrected transition state theory 

approached the classical transition state theory.  Since the current work considers only the 
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temperature regime in the vicinity of room temperature (say 200K-350K), we choose to 

neglect the quantum corrections in our atomistic-crystal plasticity model based on the 

classical transition state theory.   

 Third, in Eq. (7) of our crystal plasticity model for computing the resolved shear 

stress, we have neglected any additional terms of non-glide stress accounting for the non-

Schmid behavior [25]. This assumption is expected to be physically reasonable because 

in the room-temperature and low-stress regime, dislocation motion proceeds via kinkpair 

nucleation and the non-Schmid effects are likely small [30]. The non-Schmid effects are 

due to both the intrinsic twinning-antitwinning asymmetry of the BCC lattice and the 

extrinsic effect of stresses on the dislocation core [20, 21, 23]. They were found to be 

relevant in these 2D molecular statics studies in which the stresses employed were very 

high, i.e., close to the Peierls stress value. But the thermally activated kinkpair nucleation 

can occur at much lower stresses that are typically employed in experiments, for which 

the additional resistance to the dislocation motion due to the non-Schmid effects become 

less significant. Groger and Vitek have recognized this implication in their study [30] that 

was based on two modes of dislocation motion in the two characteristic stress-

temperature regimes with different saddle-point configurations, i.e., (i) double-kink 

mechanism in the low-stress and high-temperature regime that was independent of non-

Schmid effects; (ii) bow-out mechanism in the high-stress and low-temperature regime 

[68] that was sensitive to non-Schmid factors. While we agree with their viewpoint on the 

non-Schmid effects, our NEB modeling reveals a consistent thermal activation 

mechanism that involves the formation of double superkinks whose distance is stress-



 42 

dependent and does not require the division into two stress-temperature regimes with 

different kinds of saddle-point configurations.  

 

2.5 Conclusions 

 The major conclusions of this chapter are summarized below.  

 We have developed an atomistically informed crystal plasticity framework for 

BCC Fe single crystal that is in full fidelity with the atomic mechanism of 

thermally activated dislocation motion via kink nucleation. The nudged elastic 

band method was used to capture the activation pathway and evaluate the stress 

dependent activation parameters of kink nucleation.  

 Our atomistic results demonstrated a novel correlated kinkpair nucleation 

mechanism for the thermally activated motion of a 1112/1  screw dislocation, 

which leads to a single-humped minimum energy path and a single-step activation 

pathway to the neighboring }110{  Peierls valley. As a result, the thermal 

activation of a screw dislocation involves the nucleation of double superkinks, 

each of which consists of the leading and trailing kinkpairs, in contrast to the 

classical picture of simple double-kink nucleation. The superkink structure arises 

from the discrete 3D nature of the saddle-point state of screw dislocation motion 

in BCC crystals.   

 Our constitutive model quantitatively predicted the orientation dependent stress-

strain behavior and the temperature/strain-rate dependence of the yield stress, 

both of which agreed with the experimental results in the 200K-350K temperature 
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regime; the strong rate dependence was rationalized by the small activation 

volumes of nucleation of correlated kinkpairs and the resulting double superkinks.  

 We conclude by noting that our work in this chapter provides an atomistically 

informed crystal plasticity framework for studying a broad class of BCC metals with the 

strength/rate-limited mechanism controlled by thermally activated screw dislocation 

motion. Furthermore, the effects of dislocation-defect interactions, which are central to 

the topic of irradiated materials [41] and BCC alloys [69], could be incorporated into our 

modeling framework and thus represent future research directions.  Moreover, future 

studies will consider the atomic mechanism of screw dislocation cross slip and non-

Schmid effects in BCC crystals for bridging atomistics to crystal plasticity. 
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CHAPTER 3 

SELF INTERSTITIAL ATOM INDUCED HARDENING AND 

SOFTENING IN IRRADIATED BCC IRON 

 

3.1 Introduction 

 The motion of screw dislocation motion is well known to be the strength and rate-

controlling process governing the yield in BCC metals [11, 17].  At finite temperatures 

and low stresses the screw dislocation kinetics is controlled by the thermal activation of 

kinks [19]. Presumably the thermal activation of kinks can be influenced by the presence 

of lattice defects like alloying elements and point defects due to irradiation damage, that 

could modify the activation kinetics of kink nucleation, thus directly affecting the yield of 

BCC metals. In the case of irradiated BCC metals higher order obstacles like self 

interstitial loops and voids can also block the dislocations thus contributing to athermal 

hardening. Whereas, irradiation induced point defects like self-interstitial atoms (SIA) 

and vacancies could either elastically interact with the dislocations or be accommodated 

within the dislocation core thus modifying the core structure and thereby affecting the 

kink nucleation kinetics.  

 

 The screw dislocation is primarily a shear induced line defect and there is very 

limited volumetric strain field associated with it, unlike its edge counterparts [70]. So the 

dislocation-defect interaction is primarily due to the short-range attractive force on the 

point defect very near or within the dislocation core, unlike the case of edge dislocation 

where long-range elastic force controls the interaction with the point defects as espoused 
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by the classical Cottrell drag theory [70]. This is depicted in Fig. 3.1 that shows the 

schematics of an edge dislocation and a screw dislocation surrounded by point defects. 

The edge dislocation (Fig. 3.1(a)) can accommodate the point defects in its elastic field 

within a long range cut-off radius 
longr , while the screw dislocation has a short range 

elastic field due to which the point defects far away from it are unaffected  while the ones 

near to it and within a short-range cutoff radius of shortr  are attracted and accommodated 

within its core (assuming that the specific point-defect experiences an attractive force 

within the dislocation field). For distances very near the core and within the core, the 

elasticity theory ceases to work. Hence we need atomistic level simulations to probe into 

the near-the-core and within-the-core effects that could substantially affect the kink 

nucleation kinetics on the screw dislocation.  

shortr

longr

(a) (b)

S

S

 

Fig. 3.1 Schematics of the point defects around (a) an edge dislocation and (b) a screw 

dislocation.  

 

 There has been strong evidences from several experimental works in the past, for the 

yield strengths of BCC metals being affected by point defects and/or alloying elements 
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(both of substitutional and interstitial types), thereby resulting in hardening or softening 

behaviors. For example, Caillard [69] reports high temperature hardening, intermediate 

temperature softening and low temperature hardening of BCC Fe due to carbon 

interstitials. Okazaki [71] reports high temperature hardening and low temperature 

softening binary Iron alloys, alloyed with Ni, Mn, and Si. Sato et. al. [72] reported the 

softening of electron irradiated BCC Fe single crystals at low temperatures. Caillard also 

reports softening in BCC Fe due to low concentrations of Ni, Si and Cr [73] and 

hardening due to high concentrations of Si and Cr. Though various hypotheses and 

analytical models have been proposed for the hardening/softening effects in the 

aforementioned experimental works, there has not been strong evidences from 

computational studies or unanimous agreements upon the origins of the 

hardening/softening mechanisms, as has also been acknowledged in [74]. Hence in this 

chapter, we conduct an atomistic level study of the kinetics of screw dislocation modified 

by point defects. We choose to limit our study to self-interstitial atoms (SIA) interacting 

with screw dislocations in BCC Fe for certain reasons. On the first place, we are 

interested to know the behavior of irradiated Iron, since irradiated metals have a super-

saturation of SIA and vacancies  that can interact or be absorbed into screw dislocations 

cores [75] thereby modifying the dislocation kinetics. Secondly, we would like to use the 

SIA-screw study as the basis for understanding the effects of interstitial and substitutional 

alloying elements like C, N, H, Ni, Mn and Si in BCC Fe. Thirdly, our work in this 

chapter is limited to SIA due to the lack of interatomic potentials for BCC Fe, that 

account for the interactions with the alloying elements. The lack of interatomic potential 

for BCC Fe, that can predict a single-humped screw dislocation activation energy barrier, 
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in accordance to density functional theory results [76] has been an outstanding problem 

in computational metallurgical studies [77]. Though single-humped empirical potentials 

for pure BCC Fe has been reported recently [33], the potentials accounting for cross-

interactions with alloying elements have all been of the double-humped type.  

  

 We describe the details of the molecular dynamics and the nudged elastic band 

simulations adopted in this chapter, in the Section 3.2. It will be followed by a detailed 

illustration of our results in Section 3.3, followed by discussion and conclusions. 

 

3.2 Methods 

 We use three-dimensional molecular dynamics (MD) simulation to study the 

interaction between a/2[111] screw dislocation and a single self-interstitial. The unit 

processes of interest is extracted from the MD output and fed into a three-dimensional 

nudged elastic band simulation (NEB), at appropriate stress states. The NEB simulations 

help us to quantify the thermodynamics and kinetics of the unit processes thus providing 

mechanistic understanding of the screw-SIA interaction. The details of these 

computational methods are discussed below.  

 

3.2.1 Molecular dynamics simulations  

 The simulation set up employed in our MD simulations is as shown in Fig. 3.2 and is 

similar to the one employed in Chapter 2 to study the screw dislocation motion. A screw 

dislocation is embedded in the center of a simulation of cell of whose x, y and z axes are 

oriented along the ]111[ , ]011[


 and ]121[


 directions, respectively. The simulation 
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supercell is 54 nm long along its out-of-plane ]111[  direction and its in-plane dimensions 

are 25nm and 25nm, respectively. The 1/2[111] screw dislocation is created at the center 

of the supercell by superimposing its elastic displacement field and subsequently relaxing 

the supercell with conjugate gradient method to obtain the minimum energy state.  

]111[x

]011[


y

]121[


z

S

S

xy

xy

)011(


(a) (b)

]111[x

]011[


y

]121[


z

 

Fig. 3.2 Atomistic simulation set-up. (a) 3D perspective view of the supercell and the 

dislocation and the SIA near it, colored by centro-symmetry parameter [51]. (b) 

Schematic of the supercell showing details of the loading scheme. 

 

The outermost )011(


 and )121(


 planes constituting the in-plane boundaries are traction 

free and hence fully relaxed so as to avoid the effect of stresses perpendicular to the glide 

direction. The shear stress required to move the dislocation is exerted by imposing a 

displacement-controlled boundary condition on a thin boundary layer of )011(


 face, 

while the bottom boundary layer is held fixed. The dislocation glides on the maximum 

resolved shear stress plane (MRSSP), which is the )011(


 plane for our setup. An SIA is 

introduced in the )011(


glide plane so as for the dislocation to interact with it as it 

approaches the SIA.  The SIA rests in equilibrium in a [110] dumbbell configuration 
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[Was, Erin]. We observe that there is an attractive field of interaction between the 

dislocation core and the SIA within a cutoff radius of 4-5 lattice constants. And within 

this cutoff distance the interaction is always attractive irrespective of the relative 

orientation of the dislocation-burgers vector and the dumbbell axis of the interstitial. This 

is in accordance with the 2D studies of screw dislocation-SIA interaction done in the past 

[75].  In this chapter, all the atomic configurations are colored by the centro-symmetry 

parameter for showing the core structure of the screw dislocation and the SIA. 

  

3.2.2 Nudged elastic band method  

 As in Chapter 2, we use LAMMPS software [52] to perform the 3D NEB 

calculations. Results were  rigorously verified using an in-house NEB code. The initial 

and the final states for the NEB simulations are obtained from the MD simulations. The 

energies of the initial and the final configurations are minimized using conjugate gradient 

method, so as to relax them in the local minimum states of the 3D energy landscape. The 

intermediate states or replicas are generated by linearly interpolating between the atomic 

coordinates of the initial and final states. All the replicas are interconnected with springs 

that exert inter-replica forces, so as to rearrange the replicas equidistantly along the 

minimum energy path. The climbing image algorithm [53] is used to locate the saddle 

point of the energy barrier. A force tolerance of 0.01 eV/


A  is employed to check the 

convergence of the NEB simulation. For NEB simulations at finite stresses, the initial and 

final configurations were maintained at similar shear-stress levels by holding constant the 

finite-displacement of the surface layer. 
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3.2.3 EAM potential 

 In this study we employ the EAM potential for BCC Iron by Proville et al. [33].  This 

potential has the unique advantage over the other EAM potentials of the past that it 

predicts a single-humped activation energy barrier for screw dislocation motion via kink 

nucleation. The single-humped barrier results in a physically realistic correlated kinkpair 

nucleation process [77] unlike the physically  unrealistic uncorrelated mode predicted by 

potentials in the past [32]. Apart from this feature this potential also predicts a non-

degenerate screw dislocation core both of which are consistent with DFT results [36, 37].  

 

3.3 Results 

3.3.1 Three-Kink structure  

 Our MD simulations showed frequent dynamic events of the SIA getting adsorbed 

into the core of the screw dislocation. The adsorption events were usually followed by the 

removal of the SIA from the core so as for the dislocation glide to proceed under the 

applied load. There is a high degree of randomness in these events since depending on the 

resolved shear stress levels and temperature, the dislocation could 'spit out' more than one 

interstitials (in the form of interstitial loops) along with vacancies [78].  Since we are 

primarily interested in the motion of dislocation after it absorbs an SIA, we compute the 

minimum-energy configuration of the screw dislocation with the SIA in its core using 

conjugate gradient minimization scheme. It was observed that an SIA in the dumbell 

configuration outside the dislocation core, was adsorbed and accommodated into the core 

by switching itself into a ]111[  crowdion configuration. The ]111[  crowdion could be 
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accommodated into any of the three atomic columns forming the core of the dislocation, 

the details of which will be discussed in the subsequent sections.  

 Fig. 3.3(a) shows the pure screw dislocation line of the a/2 ]111[  type, with a 

uniformly pure core before the adsorption of the SIA and Fig. 3.3(b) shows the screw 

dislocation line after the adsorption of the SIA. The coloring is based on the centro-

symmetry parameter. It can be observed that the post-adsorption configuration of the 

dislocation has several atomic size kinks on it that spread the dislocation core out of its 

Peierls valley and collectively impose a curvature to the dislocation line in the 3D space. 

To understand the details of the core-spreading due to the individual kinks and the 3D 

geometry of the post-adsorption dislocation line, we plot the Differential Displacement 

(DD) diagram of the dislocation core at various points along its line. These  points are 

marked in Fig. 3.3(b) and the DD plot corresponding to each point is shown in Fig. 3.3(c-

g). Fig. 3.3(c) shows  the non-degenerate and three-fold symmetric dislocation core at 

point c. This core state is usually termed as the 'compact core' state. Note that the pure 

dislocation of Fig. 3.3(a) has this same compact core structure throughout its length. The 

center of the compact core is marked by a red dot. In Fig. 3.3(d) it can be seen that the 

core is spread onto the )011(


 plane and Fig. 3.3(e) shows that the core is back in its 

compact state but shifted by one lattice distance along the )011(


 plane. 
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Fig. 3.3 Differential displacement plots and the 3-kink dislocation structure. (a) Pure 

screw dislocation at its energy minimum state.  (b) Screw dislocation after the absorption 

of SIA, at its energy minimum state. (c-g) DD plots of the dislocation core at various 

points along the dislocation line, as marked in Fig. 3.3(b). (h) Schematic showing the 

compact core states of the 3-kink dislocation line in three different Peierls valleys. (i) A 

3D schematic showing the structure of the 3-kink dislocation line.  
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 Thus the two atomic size kinks in Fig. 3.3(b) between points c and d, denote a single 

kink that spreads the core along the )011(


 plane. Similarly it can be seen that, between 

points e and g, the core is spread along the (inclined) )101(


plane, that involves a second 

kink along the  )101(


 plane. The next point along the dislocation line is c' and is in the 

same Peierls valley as the point c (its DD plot will be same as the for the point c). Hence 

that denotes the involvement of a third kink along the )101(


 plane, connecting between 

the compact core states at points g and c', respectively. We choose to name the post-

adsorption state of the dislocation can as a '3-kink dislocation', owing to the presence of 

the three kinks that collectively deform the dislocation structure.  

 

 This sequential core-spreading across the three inclined }110{ planes, as induced by 

the presence of SIA in the dislocation core, can be better understood from the  schematics 

in Fig. 3.3(h & i). Fig. 3.3(h) consolidates the compact core states at points c, e and g, 

and the intermediate spread-core states as show in Fig. 3.3(c-g) onto a single figure.  The 

kinks connecting these three compact states are denoted as 1K , 2K and 3K  respectively. 

The essential message from this schematic is that the dislocation core is spread across 

three neighboring Peierls valleys, connected by atomic size kinks. The schematic in Fig. 

3.3(i) shows the 3D depiction of the core-spreading and the kinks associated with the 3-

kink dislocation.  The dislocation before the adsorption of the SIA lies in the Peierls 

valley denoted as 1P  and after adsorbing the SIA, spreads locally into the neighboring 

Peierls valleys 
'P and 

''P and spreads back to 1P , with the help of the kinks 1K , 2K and 
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3K . It is very important to note that the kinks 1K , 2K and 3K  are not thermally activated 

kinks, but are instead structurally induced  ones, due to the super-position of the strain 

field of a ]111[  crowdion onto that of the ]111[ screw dislocation.  

 It can be presumed that the kinetics of the motion of a 3-kink dislocation could be 

significantly different from that of a pure dislocation, owing to the local differences in the 

core structure. It can also be conjectured that, irradiated BCC Fe could contain a high 

density of the 3-kink dislocations, the motion of which could then be the strength-

controlling step of plastic flow, as opposed to the motion of pure dislocation lines as in 

non-irradiated BCC Fe. This possibility necessitates the evaluation of the activation 

energy for the motion of 3-kink dislocations, which we will be discussing in the section 

to follow.  

 The 3-kink dislocations have not been experimentally visualized yet. In the in situ 

TEM studies of dislocations in BCC Fe by Caillard [59, 69, 79] that track the detailed 

motion and line structure of the dislocations, the resolution was not sufficient enough to 

visualize presence of atomic size kinks on the dislocation line. Also worth noting is that 

the 3-kink dislocation resulting from the adsorption of SIA into the screw dislocation 

core was predicted by Makii et. al. [80] who simulated BCC Fe using a Finnis Sinclair 

potential. But they were not able to obtain the detailed reaction kinetics of the motion of 

such 3-kink dislocations and/or compare it with pure-dislocation motion. We next discuss 

the reaction-kinetics of the 3-kink dislocation, obtained via 3D NEB studies.  

 

3.3.2 Reaction pathway for the motion of 3-kink dislocation 
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 We employed 3D NEB calculations for the simulation setup show in Fig. 3.2 towards 

obtaining the reaction pathway for the unit step of motion of the 3-kink dislocation. Fig.  

3.4(a) shows the converged minimum energy path (MEP) for the unit process of 

thermally activated motion of the 3-kink dislocation at an applied resolved shear stress of 

300 MPa. The energy of the replicas is plotted against the reaction coordinate that is 

defined as the normalized path length of the minimum energy path.  The atomic 

configurations of the replicas are shown in Fig. 3.4(b) as their  ]011[


projections and are 

numbered accordingly. Replicas 1 and 22 respectively are the initial and the final states 

of the unit process. It can be seen from Fig. 3.4(b) that the initial replica is the 3-kink 

dislocation and the final replica is a pure dislocation (without any structural kinks) and 

the SIA separated from the dislocation core. This shows that the unit process of 3-kink 

dislocation motion involves the de-pinning of the screw dislocation from the SIA. The 

]121[


projection of the atomic configuration of the final state (replica 22) is shown in Fig. 

3.4(c). In the figure, the atom sizes are arbitrarily reduced so as to be able to visualize the 

SIA near the core. It can been that the SIA exists in the dislocation strain field in the 

dumbbell configuration with its dumbbell axis oriented along the ]011[  direction.  

 It should be noted that the MEP shown in Fig. 3(a) is at a resolved shear stress level 

of 300 MPa. Below 300 MPa, the thermally activated motion of the 3-kink dislocation is 

not thermodynamically favorable. This implies that the SIA atom in the dislocation core 

has a strong pinning effect. The salient feature of the MEP for the motion of 3-kink 

dislocation is the presence of two energy barriers marked as 1E (0.26 eV) and 2E (0.58 

eV) respectively, in Fig. 3.4(a&b). These two energy barriers denote  two separate atomic 

processes involved in the motion of 3-kink dislocation. 
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Fig. 3.4 3D NEB results of thermally activated motion of the 3-kink dislocation at 300 

MPa. (a) Minimum energy path for the 3-kink dislocation motion involving kink 

nucleation and stress-assisted de-pining. (b) Atomistic configurations of the 

corresponding replicas along the minimum energy path. (c) The ]121[


projection of the 

replica 22 of Fig. 3.4(a&b).  

  

These can be better understood from Fig. 3.5. which shows the schematics of the atomic 

configurations of the NEB replicas of Fig. 3(b), in a perspective view.   
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Fig. 3.5 Schematics of the 3-kink dislocation motion. The number in brackets on the left 

side of each schematic figure corresponds to the replica on the MEP of Fig. 3.4(a&b).  

 

The initial state is the 3-kink dislocation, containing the three structural kinks 1K , 2K and 

3K  and occupying two Peierls valleys 1P  and 
'P  on the  )011(



 plane, as already depicted 

in Fig. 2(i). The first activation energy barrier 1E , involves the nucleation of a thermal 

double-kink whose individual edge segments are denoted by 4K  and 5K  in the replica 3. 
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These kinks spread the core into the next Peierls valley, 2P , as marked. (It should be 

noted that the usage of the term 'double-kink' is for the sake of simplicity. From an 

atomic perspective, a single double-kink is a 'correlated double kinkpair' containing four 

individual kinks, due to the atomic level discreteness of the lattice and the unique core 

structure of the dislocations in BCC metals. This has been discussed in detail in [77].  

The applied shear stress drives 4K  and 5K towards each other. Also the short screw 

segments between the structural kinks 1K , 2K and 3K are annihilated, forcing these kinks 

to interact together. Since these kinks lie on three different }110{ planes they have 

repulsive interaction between each other and thus cannot annihilate. Thus they interact to 

form pinning points as marked by red dots in replica 12. These kinks on different planes 

interacting to form pinning points are called cross kinks following Louchet et. al. [81] 

and Marian et. al. [78]. The cross kinks observed by Marian et. al. were formed from the 

nucleation and interaction of 'thermal' kinks on different }110{ planes, while the ones in 

this work are structural kinks formed from the accommodation of SIA in the dislocation 

core. With sufficient applied stress, the three kinks forming the cross kink can be 

squeezed against each other to form a closed circuit and  the thermal kinks 4K  and 5K  

can annihilate each other. This process is what is denoted by the second energy barrier, 

2E . Thus the dislocation advances fully into the new Peierls valley, 2P , while the SIA is 

left behind.  The motion of the 3-kink dislocation, hence involves the de-pinning of the 

dislocation from the SIA. Understandably at 300 MPa, 2E , which is the energy  required 

to de-pin by squeezing the kinks together, is higher than 1E , which is the energy for kink 

nucleation.  
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 The alternative possibility for the dislocation and the SIA (within the core) to move 

together in a concerted fashion is not energetically feasible, because of the difficulty in 

moving the kinks 2K and 3K (both of which are not in the )011(


plane) conservatively in 

the )011(


 glide plane.  

3.3.3 Stress-dependant activation energy  

 We repeated our NEB calculations for varying levels of applied shear stress in order 

to explore the stress dependence of the activation energy for the motion of 3-kink 

dislocation. The corresponding MEPs are plotted in Fig. 3.6(a). It can be observed that, as 

the stress is increased the MEP gets tilted downwards and the activation energy values 

are reduced. The MEPs can be divided into two sets depending on the stress levels and 

the relative heights of the two energy barriers. For the MEPs drawn in solid lines (applied 

shear stress between 300 and 500 MPa) 2E is higher in magnitude than 1E which implies 

that the rate-limiting barrier for the dislocation motion is 2E , i.e., the squeezing of the 

kinks to produce the SIA. But for the dotted MEPs (applied shear stress between 600 and 

800 MPa), there is a switching of the rate-limiting barrier into 1E , as the magnitudes of 

1E  are higher than those of 2E . It means that at higher stresses the rate-limiting barrier is 

that for the kink nucleation.  
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(b)(a)

 

Fig. 3.6 Shear stress-dependent minimum energy path (MEP) and activation energy. (a) 

MEPs for the motion of 3-kink dislocation at finite shear stresses. (b) Data points of 

calculated activation energy versus shear stress compared with that for the pure 

dislocation motion, obtained from [77].  

  

This trend can be better understood from Fig. 3.6(b) in which the rate-limiting activation 

energy values (or the saddle point values), are plotted against the applied shear stresses 

and compared with the corresponding curve for a pure dislocation [77]. As discussed 

before, it can be assumed that in irradiated BCC Fe specimens, the screw dislocations in 

their ground state must have localized 3-kink structures due to the absorption of SIA into 

the cores. Hence the  strength and rate controlling mechanism of plastic deformation in 

irradiated specimens should be the movement of 3-kink dislocations rather than pure 

screw dislocations. In other words, the reaction kinetics of the 3-kink dislocation can be 

assumed to reflect the yield of irradiated specimens and that of the pure screw dislocation 
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should reflect the yield of un-irradiated specimens. Fig. 3.6(b) shows that for the low 

stress regime MPa)500MPa(300   the activation energy values for the 3-kink 

dislocation is higher than those for the pure dislocation, denoting hardening of irradiated 

specimen with respect to the un-irradiated specimen. For the high stress regime 

MPa)900MPa(600   the activation energy values are smaller than those for the 

pure dislocation, denoting a softening effect. The transition from hardening to softening 

that occurs at around a shear stress of 580 MPa, is due to the switching of the rate-

limiting atomistic mechanism from de-pinning via kink collisions to kink nucleation. 

(b)(a)

 

Fig. 3.7 Yield stress as a function of temperature. (a) Comparison of pure dislocation 

motion with that of the 3-kink dislocation motion. (b) Comparison of un-irradiated 

samples with irradiated samples, as obtained from [79].  

 

 The activation energy Vs shear stress relationships can be analytically converted to 

shear stress Vs temperature relationships as described in [77] so as to compare with 

experimental results for the same. The result is as shown in Fig. 3.7(a). It can be observed  

that, in the high temperature (and low stress) regime the effect of irradiation is hardening 
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and at low temperature (and high stress) regime, the effect is softening. The transition 

temperature at which softening disappears and hardening sets in is around 90 K. 

Irradiation induced softening at low temperatures has been reported in experimental 

works of the past [72, 76, 82, 83]. The low-temperature softening observed by Sato et. al. 

is depicted in Fig. 3.7(b). They observed that the electron-irradiated samples exhibited 

lower yield strengths than the un-irradiated samples, in the low temperature regime of 4-

90K.  

3.3.4 Reaction pathway for the absorption of SIA into the screw dislocation core 

 It has been illustrated in Section 3.3.1 that the SIA is absorbed into core of the screw 

dislocation to form the 3-kink dislocation. It is important to estimate the reaction pathway 

for this absorption process so as to estimate the probability for the formation of 3-kink 

dislocation structures in irradiated metals. Towards this purpose, we isolated the initial 

and the final states of the unit process of the SIA-absorption event from our MD 

simulations and employed these configurations in our nudged elastic band simulations. 

The reaction pathway obtained for zero stress is shown in Fig. 3.8(a). Figure 3.8(b) shows 

the initial and the final states. The initial state (replica 1) is the screw dislocation with the 

SIA in its strain field, positioned at one lattice distance away from the core and the final 

state is the 3-kink dislocation. Fig. 3.8(c) shows the details of the SIA in the initial state. 

It can be seen that the SIA exists in the dumbbell configuration with its axis oriented 

along the ]011[  direction. It can be intuitively observed that the initial and the final states 

of this SIA absorption unit process are in fact respectively equivalent to the final and the 

initial states of the 3-kink dislocation glide unit process (as in Fig. 3.4). The activation 

energy for the absorption process is 0.30 eV which is the energy expended in squeezing 
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in the SIA into the dislocation core, resulting in the formation of the 3-kink structure. 

This activation energy is smaller than that for the glide of a screw dislocation by kinkpair 

nucleation at zero stress which is equal to 0.57 eV from Fig. 3.6(b).  

 This means that there is high probability for the SIA to get absorbed into the screw 

dislocation core, forming the 3-kink dislocation structure and hence the strength-

controlling process in irradiated metals could be the motion of 3-kink dislocation and not 

the pure screw dislocation. Also the energies of the initial and final states for the 

absorption process differ by around 1.8 eV (for zero applied stress), which denotes that 

the SIA-absorption process leading to the 3-kink structure is strongly favorable 

thermodynamically, though there is a kinetic barrier to be overcome. 

 

3.4 Discussion 

In this section we will discuss the implications of the major results of the work in this 

chapter.  

 One of the key results of this work is the prediction of the 3-kink dislocation 

structure. The plastic deformation of BCC metals is considered to be controlled by the 

motion of screw dislocations and most of the computational studies in the past have 

concentrated on the motion of pure dislocations  [31, 33, 77, 78]. In this work we show 

that the intrinsic core structure of the dislocation can be heavily modified by point defects 

or alloying elements. 
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Fig. 3.8 3D NEB results for the unit process of absorption of SIA into the dislocation 

core. (a) Minimum energy path. (b) Atomistic configurations of the initial and the final 

replicas on the minimum energy path. (c) The ]121[


projection of the final replica of Fig. 

8(a). 

 

And the dislocation with the modified core structure can have significantly different 

kinetics than the pure dislocation. Hence any study of dislocations in non-pristine metals 

should take into account the effect of the impurities on the dislocation kinetics.  

 The results of our work have strong implications with respect to the hardening and 

softening effects due to alloying elements in BCC Fe. Our results show that point defects 

and hence alloying elements with attractive interaction with he screw dislocation (due to 
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both elastic and chemical effects) can in general pin the dislocation to the lattice thus 

contributing to hardening at low stresses  (i.e. at high/room temperatures). At higher 

applied stresses (low temperatures) the dislocation can de-pin from the point defect or 

alloying element, which manifests as softening in the low temperature regime. This 

stress-assisted de-pinning and softening can not only explain the softening due to 

irradiation [72] but also can provide a very sound physical reason for the low temperature 

softening observed in binary Iron alloys [71].  

 At the same time we would like to note that, the unit process studies in this work is 

limited to the case of a single SIA interacting with the screw dislocation. A more detailed 

set of simulations and analysis will be required to estimate the effect of a field of SIA 

distribution on the dislocation kinetics. The magnitudes of hardening and softening due to 

a single SIA will presumably be quite different from those due to a field of SIA atoms. 

This can found to be true from the concentration dependent solid solution hardening of 

BCC Fe due to Si, as reported in [74].  Even though the magnitudes could be different, 

the fundamental stress-dependant kink nucleation and de-pinning mechanisms should be 

the same, irrespective of the concentration of the point defects or alloying elements. Also 

the effects of other irradiation induced hardening obstacles like self-interstitial loops and 

voids need to be accounted while explaining irradiation hardening by comparing the 

kinetics of pure screw dislocation and the 3-kink dislocations. In the current work, we 

have not taken the effects of these higher order obstacles into account as it is beyond the 

scope of this work.  
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 Also, the SIA is the biggest interstitial atom possible in BCC Fe and hence forms the 

upper limit for the size of interstitial atoms that can be accommodated within the screw 

dislocation core. All other interstitial atoms like C and N, are smaller than the SIA and 

we conjecture that their pinning effects and hence the subsequent stress-dependent 

hardening/softening effects, could be lesser in magnitude than that due to SIA.  At the 

same time the chemical effects due to the interaction between the host lattice atoms and 

the foreign interstitial (or substitutional) atoms could also modify the hardening/softening 

effects due to the latter. These conjectures can be verified with the availability of 

appropriate empirical potentials in future that can accurately account for the interactions 

between the foreign interstitial atoms and the host lattice atoms (BCC Fe, in our case).  

 

3.5. Conclusions 

 The major conclusions of this chapter are summarized as below.  

 We have demonstrated that a screw dislocation in BCC Fe can accommodate a 

SIA within its core, resulting in the formation of a specific dislocation structure 

called 3-kink dislocation structure that is locally spread into three Peierls valleys.  

 The kinetics of the 3-kink dislocation is computed by 3D nudged elastic band 

calculations and comprises of two energy barriers each respectively denoting kink 

nucleation process and stress-assisted de-pinning process. This is in contrast to the 

single energy barrier for the motion of a pure screw dislocation.  

 The comparison of the stress-dependent activation energy curves for the pure 

screw dislocation and the 3-kink dislocation reveal high temperature hardening 

and stress-assisted low temperature softening of the single crystal, that is in 

accordance to experimental results.  
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As a final note we would like to mention that our study provides a solid framework for 

analyzing thermally activated crystal plasticity mechanisms involving point defects and 

dislocations and can be easily applied to the study of a broad class of problems involving 

the interaction of dislocations with alloying elements and other impurities, which has 

been of significant practical interest in metallurgical research. The applicability of our 

study to newer problems of interest is nonetheless pivoted strongly on the development of 

accurate inter-atomic potentials, which will be the direction of our future research.  
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CHAPTER 4 

DEFORMATION INDUCED FORMATION OF STACKING FAULT 

TETRAHEDRA UNDER NON-IRRADIATED CONDITIONS 

 

4.1 Introduction 

 Plastic deformation in metals and alloys is governed by the generation and 

evolution of defects of point, line, plane and volume types [84, 85]. Among these defects, 

stacking fault tetrahedra (SFT), bounded by stacking faults (SFs) and stair-rod 

dislocations, are a peculiar type of volume defect typically found in face-centred cubic 

(FCC) crystals with low stacking fault energy [84, 86]. Generally, SFT can be introduced 

by three methods, i.e. quenching, high-energy particle irradiation and plastic deformation 

[86-91]. In 1959, Silcox and Hirsch [87] first observed SFT in quenched gold (Au). They 

proposed that SFT were formed from the Frank dislocation loops generated by collapsed 

vacancy clusters, which further dissociated through the Silcox-Hirsch mechanism [84, 

87] to produce the three-dimensional (3D) SFT. Since then, extensive studies have been 

conducted on the vacancy-originated SFT in quenched, irradiated, or plastically deformed 

bulk FCC crystals [86-107]. However, whether the SFT can be possibly initiated by 

dislocations without the aid of vacancies remain largely unexplored. If possible, how do 

SFT form, migrate and annihilate, particularly at the nanoscale regime? 

 It is well known that the smaller tends to be stronger [108, 109] and the free 

surface in nano-sized crystals acts as an effective source of dislocations [110-112]. 

However, surface nucleation only leads to a weak size effect on the strength of 
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nanocrystals [110, 113], e.g., the predicted logarithmic scaling of strength versus 

nanopillar/nanowire diameter, as opposed to the measured power law scaling. Hence, the 

widely-observed size effect is generally believed to arise from dislocation interactions 

inside nanocrystals. Moreover, the study of plasticity in nanocrystals has until now been 

focused on one-dimensional (dislocation) and two-dimensional (grain boundary) defects 

[29, 110-112, 114, 115]. It remains unclear if higher order defects, such as the 3D volume 

defect of SFT, can be generated inside the confined volume of nanocrystals by pure 

mechanical deformation. Furthermore, since the sources of partial dislocation are 

abundant at the surface [110-112], they might facilitate the interactions between partials 

and SFT in the small volume of nanocrystals. It is thus expected that the dynamic 

evolution of the SFT might be uniquely mediated by SFs in the nanoscale regime. 

However, due to technical difficulties in controlling the samples at the nanoscale, it has 

been a challenge to directly explore the dislocation interaction, as well as the formation 

and evolution of higher order defects, in small-volume nanocrystals. 

 In this chapter, we report the first direct visualization of the formation and 

evolution of the deformation induced SFT via dislocation interactions during in-situ 

tensile testing of Au nanocrystals with high resolution transmission electron microscopy 

(HRTEM). Aided by large scale molecular dynamics (MD) simulations, we show that the 

SFT can be produced in nanocrystals directly through dislocation interactions. The 

presence of vacancies that is critical for the initiation of SFT in the bulk is no longer a 

pre-requisite for the SFT formation in the nanoscale. We hence term the SFT formed in 

the nanocrystals as 'dislocation-originated' SFT, specifically due to its origin being solely 

controlled by dislocation interaction events. Our finding, to our knowledge, is the first 
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ever instance of SFT formation reported in the nanoscale regime. Moreover, we observe 

the migration and annihilation of the dislocation-originated SFT, which are proved to be a 

direct outcome of dislocation-SFT interactions. 

4.2 Methods 

4.2.1 Sample Preparation and In-Situ Tensile Deformation  

 The Au nanowires were synthesized by the method reported in a recent 

publication [116]. The growth direction of as-synthesized Au nanowires is along the [111] 

direction, with few TBs parallel to the cross section of nanowires. The tensile 

experiments were performed inside a FEI Tecnai F30 field emission gun TEM equipped 

with a Nanofactory TEM-scanning tunnelling microscope (STM) system. A charge-

coupled device (CCD) camera was used to record the images and videos at 2 frames per 

second. The Au nanowires were attached to an Au rod with silver paint, serving as one 

end of the Nanofactory TEM-STM platform. A piezo-controlled Au STM probe was used 

as the other end of the platform. During experiments, the Au nanowires were tilted into 

the [110]  zone axis and loaded along the [111] direction. Before tensile testing, the Au 

probe was connected with an Au nanowire by amorphous carbon deposition at the contact 

area to form a strong contact. Moreover, several samples with [111] or other loading 

directions were made by cold-welding, same as the method used in by Zheng et al. [111]. 

During the cold-welding process, the forward speed of the piezo-controlled Au STM 

probe is about 1~2 nm/s, while the linear size of the deformation-affected volume by 

cold-welding is about 10 nm, thus the strain rate of the cold-welding process is estimated 

to be on the order of 0.1 s
-1

. Subsequently, the tensile deformation was conducted by 
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retracting the Au probes with the estimated strain rate of 10
-3

 s
-1

. The method for 

determining the dislocation types in HRTEM images has been discussed by Zheng et al. 

[111].  

4.2.2 MD Simulations  

 Three-dimensional MD simulations were carried out using LAMMPS [117]. We 

use the Embedded Atom Method (EAM) potential developed by Grochola et al. [118] to 

account for the many-body interactions between Au atoms. The Au nanowires simulated 

are aligned along the [111] direction, along which periodic boundary condition is applied. 

The nanowires are geometrically cut in double conical shape of length 28.26 nm instead 

of perfectly cylindrical ones; the diameters of the largest and smallest cross sections are 6 

nm and 4 nm, respectively. This is done with the motivation of utilizing the stress 

concentration at the neck to promote sequential dislocation nucleation events instead of a 

large number of simultaneous nucleation events as would otherwise be observed in 

perfectly cylindrical single-crystal specimens. The nanowires are simulated with 

temperature T = 1K and loaded at a constant strain rate of 10
7
 s

-1
. The SFs are visualized 

by coloring the atoms based on the centro-symmetry parameters [51]. To study the size 

effect, MD simulations are also carried out on a larger Au nanowire with the diameters of 

the largest and smallest cross sections being 10 nm and 6 nm, respectively. The generality 

of the SFT formation mechanism is verified by MD simulations of Cu nanowire. The 

simulation methodology and the geometry of the Cu nanowire are similar to those of Au 

nanowires. A recent EAM potential is used for Cu [119]. 

4.3 Results 

4.3.1 Formation of Dislocation-originated SFT by Dislocation Interactions  
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 Figure 4.1 shows the formation of a dislocation-originated SFT through the 

interactions of partial dislocations in an Au nanowire. The Au nanowire is 16 nm in 

diameter and contains a growth twin boundary (TB). It is loaded along the [111] direction 

and viewed along the [110]  direction (Fig. 4.1(a)). During tensile deformation, the partial 

dislocation typically nucleates from the free surface and moves into the Au nanowire 

(Fig. 4.1(b)), which is consistent with our previous experimental observations [111, 112]. 

It is observed that several SFs nucleate sequentially at different sites of the free surface. 

They glide on the equivalent, inclined {111} planes (denoted as SF1, SF2 and SF3, 

respectively) and interact with each other inside the Au nanowire, forming a wedge and 

then a zigzag dislocation structure (Fig. 4.1(c-d)). Such interactions between the SFs are 

the first step of the formation of dislocation-originated SFT. As the tensile load increases, 

SF3 starts to move and eventually annihilates at the free surface, leaving behind a wedge 

structure between SF1 and SF2 (Fig. 4.1(e)). This wedge structure involves both SF1 and 

SF2 with a 1/6<110>-type stair-rod dislocation at the intersection between the two SFs 

(inset in Fig. 4.1(e)).  

 It further evolves under the applied load, resulting in a 2-3 nm sized triangular 

defect (as indicated by the yellow triangle in the inset of Fig. 4.1(f)). Such triangular 

defect is identical to the projected view of SFT along the [110]  direction, in both its shape 

and geometric angles. Moreover, the morphology of this triangular defect appears to be 

the same as that of the vacancy-originated SFT reported in the literature [89, 95, 120]. 

 



 73 

Fig. 4.1 Formation of dislocation-originated stacking fault tetrahedra (SFT). (a) 

Crystallographic orientation of the Au nanowire embedded with a twin boundary (TB). 

The nanowire diameter is about 16 nm. (b-f) Sequential high resolution transmission 

electron microscopy (HRTEM) images showing the evolution of dislocation structure and 

the formation of a dislocation-originated SFT via the interactions of partial dislocations 

under [111] tensile loading. Upon tensile loading, the partial dislocations with stacking 

faults (SFs) nucleate sequentially from the free surface on the equivalent inclined {111} 

planes and interact with each other, forming a wedge (c) and then a zigzag (d) dislocation 

structure. (e) At 380 s, SF3 propagates and annihilates at the free surface, leaving behind 

the wedge structure. The inset shows the enlarged HRTEM image of the wedge structure 

(yellow dashed line). (f) The wedge dislocation structure further evolves into a triangular 

defect, which is identified to be an SFT. The inset marks out the SFT by a yellow 

triangle. Scale bar, 5 nm. 

 Figure 4.2 shows the formation of dislocation-originated SFT via dislocation 

interactions in an Au nanowire, as realized in our MD simulations. The Au nanowire is 

subjected to tensile loading along the [111] axial direction. Similar to our experimental 

observation, a leading partial dislocation of 1/6<112>-type and of a Schmid factor of 0.31 

(denoted as A in Fig. 4.2(f) is seen to nucleate from the nanowire surface; and it 

propagates on the (111)  plane, leaving SF1 behind (Fig. 4.2(a)). Subsequently, two new 
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partial dislocations, denoted as A  and A  (and with the same Schmid factor of 0.31) are 

triggered on the (111)  and (111) planes, respectively, enclosing SF2 and SF3 (Fig. 4.2(b,f)). 

Note that SF3 is covered visually by SF1 and SF2 and thus cannot be seen in Fig. 4.2(b-c). 

Partials of A and A  propagate into the nanowire and lock with A , forming three 

1/6<110>-type sessile stair-rod dislocations, denoted as  ,   and   in Fig. 4.2(f). 

These sequential dislocation nucleation and interaction events create an initial ‘open-

SFT’ with only three completed faces (Fig. 4.2(b)).  

 Under further tensile loading, trailing partial dislocations C , B  and D , 

which have a Schmid factor of 0.16, nucleate as in Fig. 4.2(g), the propagation of which 

eliminates a part of the SFs on each of the three faces of the open-SFT (Fig. 4.2(c,g)), 

thus removing the trails of the initial open-SFT. A closed-SFT finally forms via the cross-

slip of one of the trailing partials into the open (111)  plane, producing SF4 that constitutes 

the base of the closed-SFT; the three 1/6<110>-type sessile dislocations  ,  and 

  enclose the base of the closed-SFT (Fig. 4.2(d,h) and Fig. 4.3).  
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Fig. 4.2 Formation of dislocation-originated SFT in molecular dynamics (MD) 

simulation. The Au nanowire is loaded in the [111] direction. (a) A leading partial with 

trailing SF1 nucleates from the free surface on the (111)  plane under tensile loading. (b) 

Two new SFs, SF2 and SF3, nucleate on the (111)  and (111)  plane respectively, and 

intersect with SF1, forming the initial open-SFT. Note that SF3 is covered visually by SF1 

and SF2 and thus cannot be seen directly. (c) The nucleation of trailing partials sweeps 

out part of the SFs, thus removing the trails of the initial open-SFT. (d) The closed SFT 

finally forms by dislocation cross-slip. (e) Projection view of the closed SFT along the 

<110> direction. (f-h) Schematic illustration of the detailed dislocation processes during 

the SFT formation. 
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Fig. 4.3 Formation of a closed-SFT through the cross-slip of a trailing partial. (a) The 

initial open-SFT formed by the interactions of partial dislocations, as in Fig. 2c in the 

main text. (b) SF4 propagates into the open (111)  plane through the cross-slip of a trailing 

partial in Fig. 4.2(g) in the main text. (c-d) The propagation of SF4 removes the trails of 

the initial open-SFT and produces the fourth face of the SFT. (e) The base BCD of the 

SFT in Fig. 4.2(d), is fully formed making it a closed-SFT.  

The complete set of dislocation reactions leading to the formation of the closed-SFT, can 

be written as below:  

1. Two Shockley partial dislocations of the 1/6<112> type react to form a sessile stair-rod 

dislocation of the 1/6<110> type (Fig. 4.2(f)), as follows:  
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  AA  

  AA  

  AA  

2. One of the trailing partials B , cross-slips into the basal plane BCD (Fig. 4.2(h)) 

producing three partials with equivalent burgers vectors (as they are all in the plane 
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orthogonal to the loading direction and hence have zero Schmid factors)  

 DCBB BCDoslipcross ,,int   
 

Each of the three partials in BCD react with the other trailing partials to form the three 

stair-rod dislocations  ,  , and  , constituting the base BCD of the SFT: 

  DD   (along BD) 

 CC   (along DC) 

  BB   (along CB) 

 

Figure 4.2(e) shows the projected image of the SFT in Fig. 4.2(d) as viewed along the 

<110> direction, which is same as the experimental observation under HRTEM. The 

simulation result is consistent with our experimental observation in that the SFT are 

produced directly by a sequence of partial dislocation nucleation and interaction events in 

nanocrystals, which is hence different from the vacancy-originated mechanism of SFT 

formation in bulk materials.  

 The structure of the dislocation-originated SFT is compared with the vacancy-

originated SFT. Fig. 4.4(a) presents the schematics of intrinsic and extrinsic SFs by using 

a line of atoms with the single and double faults of stacking along the close-packed 

direction of <110>. With such schematics as reference, it is evident that the SFs (e.g., SF1 

and SF2) in a dislocation-originated SFT are of the intrinsic type (Fig. 4.4(b)), each of 

which involves only one faulted plane of stacking. In Fig. 4.4(c), a vacancy-originated 

SFT is “artificially” created in a nanowire by relaxing a triangular vacancy loop (i.e., a 

Frank loop ) [95, 100]. Each of the SFs also involves only one faulted plane of stacking, 

and thus is of the intrinsic type. The minor differences in colour between the two types of 

SFT arise owing to the fact that the former is subjected to a large tensile stress, while the 
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latter is stress free. Comparison between the two types of SFT proves that the dislocation-

originated SFT is structurally equivalent to the vacancy-originated SFT. However, the 

dislocation-originated SFT can play an important role in controlling the plasticity of FCC 

metallic nanostructures (see the Discussion section).  

 

 

 

 

 

Fig. 4.4 Crystallographic structure of the dislocation-originated and vacancy-originated 

SFT. (a) Schematic representation of the intrinsic and extrinsic stacking faults in terms of 

the A/B/C atomic layer stacking, as well as the single and double kinking (faults) along 

the close-packed direction of <110>. (b) {110} cross section of a dislocation-originated 

SFT, with atoms colored by their coordination numbers. (c) Same as (b) except for a 

vacancy-originated SFT formed via the Silcox-Hirsch mechanism.  

4.3.2 Migration of Dislocation-originated SFT  

 Similar to the Lomer-Cottrell lock, the SFT is bounded by SFs and stair-rod 

dislocations [84], and is usually sessile. In nanocrystals, however, the SFs are frequently 

nucleated from the surface and could induce migration and annihilation of the 

dislocation-originated SFT by dislocation-SFT interactions. Figure 4.5 shows the 

migration of a dislocation-originated SFT during tensile deformation of an Au nanowire. 

In this case, two dislocation-originated SFT (SFT1 and SFT2) are produced sequentially 
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via partial dislocation interactions (Fig. 4.5(a)). Upon further loading, a group of partial 

dislocations, which consists of four leading partials on adjacent (111)  planes (Fig. 4.5(c)), 

nucleates from the TB at a nucleation stress of about 2.3 GPa and interacts with SFT2 

(Fig. 4.5(b)). The dislocation group drives the migration of SFT2 along the [001] 

direction, which can be seen from the changes in the distance (or the number of atomic 

layers) between SFT1 and SFT2 (Fig. 4.5(b-f)). In the beginning, the measured distance 

between the two SFT on the (111)  and (111)  planes is respectively 1.9 nm and 2.1 nm 

(Fig. 4.5(b)), corresponding to 7 and 8 atomic layers (inset in Fig. 4.5(b)). Subsequently, 

the interaction between the dislocation group and SFT2 reduces the distance between the 

two SFTs (Fig. 4.5(d)). Finally, after the dislocation group is annihilated at the free 

surface, the distance between the two SFT decreases respectively to 1.2 nm and 1.4 nm 

on the (111)  and (111)  planes (Fig. 4.5(e)), corresponding to 4 and 5 atomic layers (inset 

in Fig. 4.5(e)). The measured changes in the distance between the two SFT match well 

with the distance between the corresponding atomic layers. Interestingly, the distance 

between the two SFT increases after a further increase of tensile loading (Fig. 4.5(f). It is 

worth pointing out that the size and shape of SFT2 remain unchanged before and after its 

migration. 
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Fig. 4.5 Migration of dislocation-originated SFT during deformation. (a) Under tensile 

loading, two dislocation-originated SFTs (SFT1 and SFT2) are produced sequentially. (b) 

Upon further deformation, a group of partial dislocations (indicated by the white arrows) 

nucleate from the TB and interact with SFT2. (c) Structure of the partial dislocations 

group, which consists of four parallel leading partials with SFs. The yellow arrow 

indicates the strain contrast induced by dislocation-SFT2 interaction. (d-f) The dislocation 

group drives SFT2 to migrate, as indicated by the changes of distance and atomic layers 

between SFT1 and SFT2 on the (111)  and (111) plane, respectively. Insets in (b) and (d-e) 

are the changes of atomic layers between SFT1 and SFT2 on the (111)  and (111)  plane, 

respectively. Scale bar in (a-b, d-f), 2 nm; Scale bar in (c), 1 nm.  
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Fig. 4.6 Interaction of a partial dislocation with SFT and the surface step on SFT created 

by the interaction. (a-c) The dislocation-SFT interaction process. The dislocation is a 

partial dislocation with burgers vector of ]211[
6

1


. (d-e) The ABC face of the SFT, before 

and after the dislocation-SFT interaction, clearly depicting the surface step in the 

direction of its burgers vector. (f) Schematic of (e). 

 The migration of dislocation-originated SFT can, in principle, result from thermal 

or mechanical activation. Migration of dislocation loop and vacancy cluster has been 

observed in irradiated or quenched metals [120-122], the reason for which is attributed to 

thermal activation [122]. In the present experiment, thermal activation is unlikely, since 

the migration is only observed when a group of dislocations interact with the SFT. 

Therefore, we attribute the migration of SFT to the activation by mechanical stress that 

leads to dislocation-SFT interactions. It is known that due to applied loads, the vacancy-

originated SFT can be sheared or distorted by interactions with dislocations [100-103], 
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which could result in the movement of the apex atoms of SFT to new positions [100] and 

thus produce ledges on SFT [103]. The migration of these ledges by the absorption of 

vacancies or atoms can cause the growth or shrinkage of the vacancy-originated SFT 

[107, 123]. Similarly, the gliding dislocation upon interaction with the dislocation-

originated SFT can produce ledges on the side of SFT for a single dislocation-SFT 

interaction event (Fig. 4.6). As a result, the SFT can effectively migrate via simultaneous 

interaction events with multiple dislocations. Moreover, the relatively large surface-to-

volume ratio in nanocrystals, as opposed to their bulk counterparts, could promote the 

SFT migration by feeding more SFs from the fertile surface nucleation sites. 

Additionally, it should be noted that the movement of SFT is distinct from the climb or 

glide process of dislocation under mechanical loading. The dislocations can climb or 

glide by themselves under external loading, whereas the SFT cannot move by itself and 

its migration must be driven by the dislocations through dislocation-SFT interactions. 

4.3.3 Annihilation of Dislocation-originated SFT  

 The annihilation of dislocation-originated SFT is also observed by our in-situ 

experiment (Fig. 4.7). The pristine Au nanocrystal in Fig. 4.7 is created by cold welding 

between two Au nanostructures [124].  
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Fig. 4.7 Annihilation of dislocation-originated SFT under tensile deformation. (a-c) 

Sequential HRTEM images showing the annihilation of a dislocation-originated SFT 

induced by deformation. (a) SFT1 is observed in the pristine nanocrystal after cold 

welding. (b) Upon tensile loading, SFT2 is produced near SFT1. (c) Further deformation 

leads to annihilation of SFT2 and nucleation of SFT3. Scale bar in (a-c), 5 nm. (d-h) MD 

snapshots showing the annihilation of a dislocation-originated SFT by dislocation-SFT 

interactions. (d) A closed SFT formed near a TB in the Au nanowire. (e-f) A partial 

dislocation with SF1 makes an edge-on interaction with the SFT, and shears and distorts 

the closed SFT. (g-h) Partial dislocations with SF2 and SF3 nucleate subsequently, lead to 

the complete annihilation of the SFT.  

 Interestingly, SFT1 is observed in the pristine Au nanocrystal right after cold 

welding (Fig. 4.7(a)), which indicates the occurrence of plastic deformation during the 

cold welding process. Generally, when two nanostructures come into contact, a large 

mechanical stress could be induced at the contact zone, owing to the mismatch of 

geometry and orientation, which can result in the so-called dislocation-mediated 

pseudoelastic deformation if the contact surface is atomically flat [125]. In our 

experiment, however, the surfaces of the two nanostructures are not atomically flat (Fig. 

4.7(a)), resulting in the residual dislocations or SFT after contact. Moreover, due to the 
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relatively low strain rate of cold welding and the large image stress associated with a 

small sample size, supersaturation of vacancies is unlikely in the cold-welding process 

and hence SFT1 should be of the dislocation-originated type. 

 Upon mechanical loading, a new SFT (SFT2) is produced near SFT1 (Fig. 4.7(b)). 

However, further deformation leads to the annihilation of SFT2 and nucleation of SFT3 

(Fig. 4.7(c)). Since the SFT2 disappears fast (in less than 0.5s), the details of annihilation 

are not captured during in-situ experiment. However, the SF trace left indicates that the 

annihilation of SFT is mediated by dislocation-SFT. MD simulations (Fig. 4.7(d-h)) 

further prove that the annihilation of dislocation-originated SFT is indeed a dislocation-

mediated process, which is similar to that found for the vacancy-originated SFT in the 

bulk [96-102]. Figure 4.7(d) shows a closed dislocation-originated SFT near a TB inside 

the nanowire. Under tensile loading, a partial dislocation loop enclosing SF1 nucleates on 

(111) plane and makes an edge-on interaction with the SFT at the third atomic layer of 

the SFT from its apex. The closed-SFT is sheared and distorted (Fig. 4.7(e-f)). This event 

is followed by similar events of newly nucleated partial dislocations shearing the closed-

SFT (Fig. 4.7(g-h)). The Shockley partial dislocation with the trailing SF2 nucleates and 

interacts with the 1/6<110>-type sessile stair-rod dislocations constituting the basal plane 

of the SFT. These processes lead to the formation of new 1/6<112>-type Shockley 

partials which would be expected to glide on the tetrahedral planes of the SFT and 

partially remove the SFs, as has been reported for the SFT using MD simulations [100]. 

But what we observe for the SFT in the nano-sized sample is its complete destruction 

(Fig. 4.7(h)) due to the SFs intersecting at its base and/or above (SF2 and SF3  in Fig. 

4.7(g)), instead of only a partial destruction as in the bulk samples [98, 102]. Moreover, 
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since the free surface in the sub-20 nm nanocrystal serves as an efficient nucleation 

source of dislocations, it could thus play an important role in the annihilation of SFT by 

providing nucleated dislocations.  

4.4 Discussion 

 SFT have usually been classified as a vacancy-originated volume defect in 

quenched or irradiated metals and alloys [84, 86-89]. However, it is unlikely that the SFT 

observed in the Au nanocrystals of this work are vacancy-originated. Firstly, a high 

density of vacancies is required to nucleate the vacancy-originated SFT, which is often 

present in quenched or irradiated metals[84, 86-88] but is hardly achievable in our nano-

sized metallic samples. Secondly, there are two possible factors regarding the electron 

beam effect, i.e., knock-on displacement and beam heating. For the knock-on 

displacement to occur, the threshold electron energy for Au is 1320 KeV [126]. The 300 

KV acceleration voltage used in our experiments is therefore insufficient to produce such 

kind of beam damage [111]. For the beam heating issue, the thermal conductivity of Au 

is high (300 W mK
-1

) and the two ends of Au nanowires are respectively connected to an 

Au substrate and an Au probe with large sizes compared with the samples. Considering 

the low beam current applied in our experiments (80~100 A cm
-2

) and the fact that both 

the Au substrate and the probe act as the effective heat sinks, the temperature rise induced 

by beam heating should be negligible in the sample [111, 127]. More importantly, SFT 

are also observed to form during deformation without any beam irradiation and beam 

induced temperature rise, which further supports the conclusion that the SFT observed 

during plastic deformation is dislocation-originated and not vacancy-originated. 

Therefore, the beam irradiation and heating would have little influence on the SFT 
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formation and dislocation-SFT interactions. Additionally, although vacancy clusters and 

vacancy-originated SFT can be generated by plastic deformation, high strain rates are 

required [93, 94]. In our experiments, the strain rate employed is relatively low and thus 

cannot produce sufficient vacancies by plastic deformation alone. Even if a smaller 

number of deformation induced vacancies may exist, they could easily escape the 

nanocrystal from its free surface, owing to the large image stress associated with the 

small crystal size and the low strain rate employed, rather than condense into vacancy 

clusters inside the Au nanocrystal. Therefore, the observed SFT likely result from the 

interactions of partial dislocations, and our large scale MD simulations lend a direct 

support to this mechanism. On the basis of these considerations, we believe that the 

formation, migration and annihilation of the dislocation-originated SFT are revealed for 

the first time in sub-20 nm nanocrystals. 

It is generally recognized that the surface-nucleated dislocations initiate the plastic 

deformation in nano-sized crystals [110-112]. The partial dislocations nucleated on the 

equivalent, inclined {111} planes can strongly interact with each other inside the small 

volume of Au nanocrystals, resulting in the stair-rod dislocations and nano-sized 

dislocation-originated SFT. We have frequently observed the dislocation-originated SFT 

during the deformation of Au nanocrystals with different sample sizes and loading 

conditions in both experiments and MD simulations (Fig. 4.8). Hence, the formation and 

evolution of SFT should be considered as an important deformation mechanism at this 

length scale.  
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Fig. 4.8  Formation of multiple SFT in a larger Au nanowire. The Au nanowire is a 

double conical in shape and of 10 nm and 6 nm in diameters, respectively. In order to 

demonstrate that SFT are fully developed but not inter-connected, (a-b) show the atomic 

configurations viewed from the <110> direction, and (c-d) from the <112> direction.  

 

 Moreover, both SFT formation and dislocation-SFT interaction can contribute to 

the strain hardening of small-volume samples (Fig. 4.9). Nanocrystals are known to have 

limited strain hardening due to the lack of sufficient hardening obstacles (dislocations or 

other defects) as well as the easy annihilation of dislocations at the surface owing to the 

large image stress [111, 112, 128]. In contrast, the formation of dislocation-originated 

SFT is a novel mechanism by which the nanocrystal could achieve finite amounts of 

inherent hardening. In addition, SFT act as strong obstacles to the motion of other 

dislocations (as shown in Fig. 3) and contribute to further hardening.  
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Fig. 4.9 Stress-strain curve for an Au nanowire under uniaxial tension and the MD 

snapshots at various strain levels. The Au nanowire is double conical in shape, 28.26 nm 

long, and the diameters being 10 nm and 6 nm, respectively.  

 

 In Fig. 4.9, one should ignore the first high peak, which is well-known to be caused 

by the high elastic stress required for nucleation of surface dislocations in a pristine 

nanowire. In other words, one should look into the stress-strain response beyond the first 

yield peak in order to understand the hardening response in MD. The several major ups 

and downs in the post-yield stress-strain behavior are due to hardening by dislocation 

interactions and SFT formation, and softening due to surface nucleation events. For 

example, the snapshot (a) is the beginning stage of the formation of SFT through 

dislocation interactions and at snapshot (b) the SFT1 is fully formed. The corresponding 

points are marked in the stress-strain curve and it can be seen that the formation of SFT 
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involves a rise in the stress level, indicating hardening. The same sequences of events are 

repeated between snapshot (c) and snapshot (d) during the formation of SFT2 and SFT3 

(as seen in snapshot d). The resultant hardening can also be seen in the stress-strain 

curve.  

 Furthermore, our results indicate that the SFT formation is not limited to the 

specific set of dimensions of the simulated nanowire, and the size of SFT formed depends 

on the sample size. Dislocation-originated SFT are also formed in a deformed Cu 

nanowire following the same dislocation-mediated mechanism as in the Au nanowires as 

shown in Fig. 4.10 below. It is observed that SFT were formed in the Cu nanowire, 

following the sequence of dislocation interactions, as in Au nanowires. The initial open-

SFT is formed by the locking of the partial dislocations as can be seen in Fig. 4.10(a). As 

in Fig. 4.2(b-c) only two of the three SFs constituting the open-SFT are seen in this 

viewing angle. Trailing partials nucleate and sweep out a part of SF1 and SF2 in Fig. 

4.?(b) and (c), respectively. Subsequent cross-slip of the trailing partial occurs to form the 

fourth (basal) face and the complete SFT is formed as shown in (d). This result indicates 

that the dislocation-originated formation of SFT is a general deformation mechanism 

applicable to a broad class of FCC metals and alloys with medium to low stacking fault 

energies under mechanical loading. On the basis of the above discussions, it can be 

concluded that SFT formation is a general plastic deformation mechanism in metallic 

nanocrystals, and has important consequences with respect to plastic deformation at small 

length scales. 
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Fig. 4.10 Formation of SFT in MD simulation of a deformed Cu nanowire through the 

same mechanism explained in Fig. 4.2 and Fig. 4.3. The simulation methodology and the 

shape and the dimensions of Cu nanowires are similar to those for Au nanowires.  

 

 The deformation induced formation of 3D defects has never been reported for 

nanocrystals. In the conventional bulk samples, SFT form mostly due to irradiation or 

quenching alone [86, 87], while in the nanocrystals SFT can form directly from 

dislocation interactions. Moreover, the dislocation-SFT interaction is known to cause the 

SFT to be sheared into two defects, converted to other types of defects or structurally 

destroyed [96, 101-104]. However, our work also reveals that the SFT can interact with a 

group of dislocations nucleated from the surface, resulting in the migration of SFT in a 

small and confined volume without any change in its shape and size. Such migration (i.e., 

displacive movement) of SFT can be attributed to the active operation of surface 

dislocation sources that is promoted by the high stress, large image force and abundant 
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surface nucleation sites associated with the small crystal size, while it would be rare to 

achieve these conditions necessary for the SFT migration in the bulk. These unusual 

phenomena represent the novel deformation mechanisms at the nanoscale, and their 

potential effects on the strength, hardening and fracture warrant further study in the 

future.  

4.5 Conclusions 

 In summary, in-situ HRTEM experiments are conducted to directly visualize the 

atomic-scale, dynamic evolution of a novel defect structure − dislocation-originated SFT 

− in Au nanocrystals. Our work for the first time discovers the formation and the 

dynamics of a 3D crystalline defect in small-volume nanocrystals, which plays an 

important role in the plasticity at small length scales. These results reveal a novel 

deformation mechanism of dislocation interaction inside the confined volume of 

nanocrystals. Our work has significant implications on understanding the deformation 

behaviours of nanocrystals, including plastic yielding, strain hardening, ductility, size 

effects, etc., which will motivate further experimental and modelling investigations of 

dislocation interactions and formation of higher order defects in small-sized materials. On 

the other hand, our discovery also provides an example of the deformation induced and 

dislocation-originated formation mechanism of SFT in contrast to the conventional 

wisdom of vacancy-originated SFT, which thus expands the fundamental knowledge of 

3D volume defects in small-sized, non-irradiated materials. A more detailed 

understanding of various factors affecting the formation of SFT warrants further study in 

the future. 
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CHAPTER 5 

INTERFACE MEDIATED PLASTICITY AND IMPLICATIONS FOR 

IRRADIATION DAMAGE 

 

5.1 Introduction 

 Materials with nanoscale or microscale engineered interfaces have received lot of 

attention as irradiation resistant materials. Specific material interfaces can be engineered 

and tailor-made to make interfaces that can act as inexhaustible sinks for irradiation 

induced defects like vacancies and interstitial atoms [129, 130].  In this chapter we 

investigate the mechanical behavior of silver nanowires that possess a unique five-fold 

twinned internal interfacial structure. Our goal is to better understand how the interfaces 

contribute to their basic mechanical behavior, specifically work hardening, so that they 

could be employed in irradiated atmospheres so as to resist the irradiation induced 

material damage.  

 Nanoscale structures like nanowires are known to exhibit ultra-high yield strength, 

but limited hardening, and low ductility (tensile strain to fracture) [108, 109, 131-133]. 

Insufficient hardening can severely affect the mechanical integrity of the constituent 

nanostructures in nanomechancial devices and other technological applications. This lack 

of hardening has been understood to be due to the absence of effective obstacles within 

the nanowire, that otherwise could block the movement of crystalline defects like 

dislocations so as to produce macroscopic hardening [132]. Hence engineering the 
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internal interfaces and defects of the nanoscale materials towards improving hardening 

has been a significant area of research in recent years [109, 133].   

 Many recent studies have focused on the study of single-crystalline metallic 

nanowires through experiment and modeling. Single crystalline nanowires of face-

centered cubic (FCC) metals like silver, nickel, copper and gold (Fig. 5.1(a)) have been 

found to deform via dislocation-mediated plasticity [48, 134-137] or via deformation 

twinning and lattice reorientation [138-141], without exhibiting pronounced hardening. 

To promote strain hardening, nanowires with coherent internal twin boundaries (TBs) 

have recently received much attention owing to the capability of the TBs to contribute to 

hardening by acting as barriers to dislocation motion. For example, nanowires with 

horizontal TBs (Fig. 5.1(b)) have been studied [29, 142-146]. But effective hardening due 

to these horizontal TBs requires uniformly small twin spacing across the entire length of 

nanowires, thus imposing a challenge to the controlled nanowire synthesis. In addition, 

the inclined TBs in nanowires (Fig. 5.1(c)) are prone to migrate, causing the coarsening 

of nanotwins through detwinning [146].  
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(a) (c)(b) (d)

 

Fig. 5.1 Schematic showing twin-boundary engineered metallic nanowires. (a) Single 

crystal nanowire. (b) Nanowire with horizontal TBs. (c) Nanowire with inclined TBs. (d) 

Nanowire with five-fold vertical TB.  

 

In contrast, nanowires with vertical twin boundaries (Fig. 5.1(d)) have shown promising 

results specifically with respect to strain hardening. Zhu et al. [147] reported pronounced 

strain hardening in Ag nanowires (AgNWs) with a well-defined five-fold vertical twin 

structure. Filleter et al. [148] further studied such kind of AgNWs of various diameters 

and found that the smaller diameter AgNWs exhibited stronger strain hardening than the 

larger ones. Despite these promising results, the mechanisms underlying the strain 

hardening and associated size effects in nanowires with vertical TBs remain unclear. 

 Recently, several groups have conducted molecular dynamics (MD) simulations to 

explore the mechanical properties and deformation behavior of the five-fold twinned 

AgNWs [148-152]. However,  these MD works were unable to capture the hardening 

behavior in the stress-strain responses, which has been observed in experiments. Hence 

questions as to why MD simulations cannot directly supplement the experimental results 

or explain the mechanisms governing hardening behavior, remain unanswered.   

 In this chapter we report a combined experimental and modeling study that combines 

in situ tensile testing within a scanning electron microscope (SEM) and large scale MD 
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simulations of the five-fold twinned AgNWs. We were able to capture the strain 

hardening behavior of these nanowires in both experiments and modeling. The detailed 

hardening mechanisms were further revealed by atomistic analyses of MD results. The 

hardening behavior was shown to be critically dependent on the nanowire diameter, as 

well as the pre-existing defects. The simulated necking and fracture modes are compared 

with experiments. These results provide insights into enhancing the tensile ductility of 

metallic nanostructures by engineering the internal interfaces and defects.   

 

5.2 Methods 

5.2.1 Experiment 

Tensile tests were performed using an in situ SEM nanomechanical testing setup 

[153]. An individual NW was clamped on a nanomanipulator tip and an atomic force 

microscopy (AFM) cantilever using electron beam induced deposition of carbonaceous 

materials in the SEM. The force was applied using the nanomanipulator (Klocke 

Nanotechnik, Germany) on one side of the freestanding NW, and was measured on the 

other side using the AFM cantilever. A series of SEM images were taken during the 

tension tests; the NW strain was measured by digital image correlation of the SEM 

images. Pentagonal cross-section was used in calculating the stress. 

 

5.2.2 Modeling  

 Three dimensional MD simulations were carried out using the parallel simulator, 

LAMMPS [52]. We employed a recent Embedded Atom Method (EAM) potential by 

Mishin et al. [154] to account for the many-body interactions between Ag atoms. 
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Stacking faults, twin boundaries and surface atoms are visualized by coloring the atoms 

based on their centro-symmetry parameters [51]. Tensile tests were conducted on the 

model AgNWs at 10 K and a strain rate ranging from 10
7 

s
-1

 to 10
9 

s
-1

.  Periodic boundary 

conditions were engaged along the  110  axial  direction and the lateral free surfaces were 

fully relaxed.     

5.3 Results and Discussion 

 Five-fold twinned AgNWs were synthesized by a modified polyol process [155, 156]. 

Fig. 5.2(a&b) respectively show the transmission electron microscopy (TEM) cross-

sectional and perspective images of the five-fold AgNW. Tensile tests were conducted 

for the AgNWs with diameters ranging from 38 to 130 nm, within an SEM. The 

measured stress-strain curves are plotted in Fig. 5.2(c). Interestingly, AgNWs of smaller 

diameters can harden more than the bigger ones. The smallest wire of 38 nm diameter 

hardens and achieves an ultimate tensile strength of 4.8 GPa, while the largest wire of 

130 nm diameter shows limited hardening. These results are in close agreement to the 

experimental results by Filleter et al. [148].  

The unique hardening behavior and its size dependence in five-fold twinned AgNWs are 

conceivably related to the presence of twin boundaries, as they are not typically observed 

in single-crystalline nanowires and also are not apparent from our experimental results 

alone. Hence we performed MD simulations to investigate the atomistic mechanisms 

controlling the size-dependent strain hardening behavior in the five-fold twinned 

AgNWs.  

 Fig. 5.3 shows the atomic model used in our MD simulations. In Fig. 5.3(a), we 

present the cross-sectional view of a 110 -oriented AgNW with the characteristic five-
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fold twinned structure. The angle between two adjacent TBs is equal to 5.70 . Hence the 

total angle contributed by all the TBs is less than the geometrical total of a regular 

pentagon by 5.7 . This angular mismatch induces an elastic strain in the AgNW core.  

Fig. 5.3(b) displays a 3D view of the atomic structure of the five-fold twinned AgNW, 

with  111  TBs and  100  free surfaces.  
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Fig. 5.2 Images and results from experiments. (a) SEM image of the Ag NW cross 

section. (b) SEM image of the nanowire showing the vertical twin boundary. (c) Stress-

strain curve for Ag NWs of various diameters. 
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Fig. 5.3 Atomistic model of the five-fold twinned Ag NW. (a) Cross sectional image. (b) 

Perspective view depicting the twin boundaries and free surfaces.  

 

5.3.1 Dislocation nucleation and interaction with TBs  

 Fig. 5.4(a) shows the tensile stress-strain curve of a five-fold twinned AgNW with 

diameter of 6.4 nm. At a strain of about 0.1, the AgNW yields by the nucleation of 

dislocations from the surface, resulting in an abrupt load drop.  
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Fig. 5.4 MD simulation results for the pristine Ag NW. (a) Stress-strain curve. (b-d) 

Atomistic configurations of the points b, c and d as marked in the stress-strain curve. (e) 

Cross-sectional view of the nanowire showing the dislocation nucleation in two 

equivalent   111110  slip systems. (f) Schematic of the FCC unit cell showing the 

activation of the two equivalent   111110  slip systems, for tensile loading along  110  

direction.  

 

The atomic configuration of the AgNW immediately after the load peak is shown in Fig. 

5.4(b). Each dislocation nucleation site on the surface usually breeds two Shockley partial 

dislocations of the 112
6

a
 type (where a  denotes the lattice constant). Such symmetric 
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nucleation arises because, for the 110  loading there are two equivalent  111110  slip 

systems that are activated simultaneously, as shown schematically in Fig. 5.4(f). The 

Shockley partials glide towards the core of the AgNW as marked in Fig. 5.4(b) and as 

shown in Fig. 5.4(e); they are subsequently blocked by the TBs. This is understandably 

the unit dislocation process that contributes to the macroscopic hardening of the AgNW.  

As the applied load increases, the obstructed Shockley partial can further cross-slip 

across the TB into the adjacent twin variant, leaving a sessile dislocation at the TB as 

circled in Fig. 5.4(c). These nucleation-transmission events of partial dislocations are 

repeated so as to produce a chain of 3D stacking defects, each of which extends across 

five twin variants centered around the nanowire axis, as shown in Fig. 5.4(d). Filleter et 

al. [148] named each such defect, a stacking-fault-decahedron, owing to the 10 faces that 

it possesses. 

 The above MD results reveal the mechanism of TB-mediated hardening in the five-

fold twinned AgNW. However, the corresponding stress-strain curve in Fig. 5.4(a) does 

not capture the strain hardening response as observed in our experiments (Fig. 5.2(c)). 

Such discrepancy reflects a common shortcoming of the MD stress-strain curve when the 

model nanowire used is pristine and free of defects. The absence of the pre-existing 

defects results in a high yield stress due to elastic overshooting, which is followed by a 

sharp load drop (Fig. 5.4(a)) due to spatially uniform nucleation of many dislocations 

nearly at the same time. Moreover, the high stress at yield tends to drive the dislocations 

to bypass the TB without contributing to hardening. Hence the MD results in Fig. 5.4, 

and in the past works [148-150] as well, are representative of the whisker-like behavior 

[131], instead of the hardening of five-fold twinned AgNWs as measured in experiments.    
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5.3.2 Strain hardening and size effect 

 In order to study the hardening behavior by MD, we introduced pre-existing  defects 

in the simulated five-fold twinned AgNWs. This was achieved by first loading the AgNW 

and then unloading it after yielding. During unloading, the majority of dislocations in the 

five twin variants are annihilated at the free surface, creating surface steps and ledges, 

while a few of them are retained within the nanowire bulk due to the blocking by the 

TBs. The strain at unloading was kept the same for AgNWs of various diameters, in order 

to produce comparable densities of defects. These surface defects have lower nucleation 

stresses than the pristine part of the nanowire. In other words, surface defects break the 

axial symmetry of the 'pristine' five-fold twinned AgNW by introducing a statistical 

distribution to the source strengths of surface dislocations. Such symmetry breaking in 

the 'defective' AgNW promotes sequential, spatially non-uniform dislocation nucleation 

under loading, as opposed to collective, uniform nucleation in the 'pristine' AgNW. For a 

given diameter, the defect density could be controlled by unloading at various strain 

levels during the post-yield deformation.    

 Fig. 5.5(a) shows the tensile stress-strain curves for the 'defective' AgNWs of 

diameters 10.8 nm and 15 nm, respectively. Interestingly both AgNWs exhibit the 

hardening behaviors, consistent with the experimental observations (Fig. 5.2(c)).  
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Fig. 5.5 Size-effected hardening behavior. (a) Stress-strain curves for the tensile loading 

of 'defective' Ag NWs of 10.8 nm and 15nm diameter, respectively. (b-d) Atomistic 

configurations of the 10.8 nm diameter NW at various strain levels as marked in Fig. 

5.5(a).  

 

Significant hardening in 'defective' AgNWs contrasts with the negligible hardening in the 

pristine five-fold twinned AgNWs in Fig. 5.4(a), thus demonstrating the important effect 

of statistical variation of source strengths of surface dislocations. In addition, our MD 

simulations also show very limited hardening in pre-strained single-crystalline AgNWs 

with pre-existing defects (see Fig. 5.6 below); in this case the nucleated dislocations are 

easily annihilated at the surface due to the lack of stable hardening obstacles. This 

comparison confirms the unique role of the vertical twin boundaries in the macroscopic 

hardening of the five-fold twinned AgNW, otherwise not exhibited by its single-

crystalline counterpart.  
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Fig. 5.6 Stress-strain curves. 'Defective', single crystalline [111] AgNW of 6.4 nm 

diameter, compared with  a 'defective' five-fold twinned AgNW of 6.4  nm diameter.  

 

 To further understand the atomistic mechanisms underlying the macroscopic 

hardening in 'defective' five-fold twinned AgNWs, Fig. 5.5(b-d) show the  001  side 

sectional view of the 10.8 nm diameter AgNW at various strain levels, as marked in Fig. 

5.5(a). Clearly, the zero stress state (Fig. 5.5(b)) contains pre-existing defects on the 

surface and within the nanowire, unlike the pristine five-fold twinned AgNW in Fig. 

5.4(b). The initial non-linear stress-strain response is primarily governed by dislocation 

nucleation at the surface sources with low activation stress; Fig. 5.5(c) shows the surface-

nucleated dislocations inside the deformed AgNW. However, the rate of surface 

nucleation and the resultant rate of stress relaxation are still relatively low. Moreover, the 

nucleated dislocations are mostly blocked by TBs, resulting in the back stress to resist 

against the continued operation of surface dislocation sources.  As a result, the 

pronounced strain hardening ensues. When the tensile load increases to around point d, 

the rate of surface dislocation nucleation becomes high and the TB-obstructed 
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dislocations can often cross-slip into adjacent twin variants (Fig. 5.5(d)), so that the 

hardening rate (i.e., the slope of the stress-strain curve) is drastically reduced. At point e 

the dislocation activity starts to be confined into a narrow portion of the AgNW that 

subsequently leads to necking and ductile failure, as marked in Fig. 5.5(e). 

 The simulated stress-strain curves in Fig. 5.5(a) also capture the size/diameter 

dependent strength and hardening in five-fold twinned AgNWs, consistent with the 

experimental results in Fig. 5.2(c). Namely, thinner AgNWs achieve higher strength and 

more hardening that leads to  higher ductility. Since TBs in the five-fold twinned AgNW 

play a similar role of obstructing dislocations as grain boundaries in bulk polycrystalline 

metals, the size-dependent strength in AgNWs can be attributed to the characteristic 

smaller-is-stronger size effect in the nanoscale. Specifically, as the diameter of the 

AgNW decreases, the effective distance between the surface dislocation source and the 

TB decreases. Such size reduction can lead to strong interactions between the TBs and 

surface dislocation sources, which are facilitated by the back stresses generated by the 

TB-obstructed dislocations, as discussed earlier. Hence, the higher strength in the smaller 

AgNW can be attributed to the relatively high stresses required to sustain the operation of 

surface dislocation sources, which is also responsible for the high hardening rate in the 

smaller AgNW. The high hardening rate can delay the onset of necking, thereby 

promoting the tensile ductility [29], which is consistent with both the experimental and 

MD results. 

 

5.3.3 Necking and fracture 
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 The final stage of tensile deformation of five-fold twinned AgNWs involved the onset 

and growth of necks. Such localized deformation eventually concentrated to one neck, 

leading to the fracture of the AgNW.  Fig. 5.7 shows the necking behavior of two 

AgNWs with the respective initial diameters of 6.4 nm and 10.8 nm, close to their failure 

point. Both AgNWs are 34.7 nm long. Interestingly, the smaller wire in Fig. 5.7(a) 

exhibits several local necks along its length, while the larger wire in Fig. 5.7(c-d) exhibits 

only a single neck. The development of multiple necks in the smaller wire indicates that 

the growth of the neck can become difficult owing to the local hardening induced by the 

TBs. Consequently, the plastic deformation tends to be delocalized, resulting in multiple 

necks. Such multiple-necking mode in five-fold twinned AgNWs has been observed by 

Filleter et al. [148] in experiments. They measured the number and the length of the 

necks (which they termed as ‘plastic zones’) as a function of the AgNW diameter and 

found that the number of necks decreased and the length of the neck increased with 

nanowire diameter. Our MD results lend a direct proof for the size-dependent multiple 

necking behavior.   

 As mentioned earlier, the AgNW failed by necking at one of the necks in both the 

experiment and MD. Fig. 5.7(d) shows the post-mortem TEM image of the fracture 

surface. The rounded fracture surface is characteristic of the ductile rupture resulting 

from the dislocation shear induced thinning of the AgNW. 
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Fig. 5.7 Deformation via multiple necking and ductile failure. (a) 6.4 nm diameter NW. 

(b) 10.8 nm diameter NW. (c) TEM image of the forest dislocations seen at the failure 

surface. (d) MD image of the surface showing the forest dislocations. (e) TEM image 

showing the cross slip of the Shockley partial across the TB. (f) TEM image showing 

dislocation activity in the two equivalent   111110  slip systems.  

 

This is in contrast to the flat brittle-like fracture surface reported by Filleter et al. [148] 

Fig. 5.7(e) shows that a high density of dislocations can be seen near the fracture surface, 

while the portions of the nanowire away from the fracture surface have a lower 

dislocation density. This is consistent with our MD result in Fig. 5.7(c). High-resolution 
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TEM imaging of the failure surface also revealed direct evidence for the cross-slip of the 

Shockley partials at the TB (Fig. 5.7(e)), as observed in our MD simulations (Fig. 5.4(b-

d)). Fig. 5.7(f) shows the slip activity  in the two equivalent   111110  slip systems, as 

revealed by MD in Fig. 5.4(e-f). These results demonstrate the direct correlation between 

our experimental and MD results.  

 

5.3.4 Role of pre-existing defects 

 Recall that our MD results in Fig. 5.5(a) depicting hardening were based on the 

simulations of 'defective' five-fold twinned AgNWs, while the MD results in Fig. 5.4(a) 

shows that 'pristine' AgNWs do not exhibit hardening. Such a difference indicates that 

plastic deformation in AgNW is strongly dependent on the density of pre-existing 

defects.  The critical role of pre-existing defects on the plasticity of nanostructures have 

previously been underscored in the studies of deformation of pre-strained Au nanopillars 

[157] , single-crystalline Au nanowhiskers [140]  and Cu nanowires [136]. Essentially, 

the strain hardening behavior in the deformation  experiment at a fixed loading rate is 

controlled by the interplay between the elastic strain rate (tends to increase the stress) and 

the plastic strain rate (tends to lower the stress), the latter of which is dictated by the 

dislocation nucleation rate in small-volume materials. 

 In order to understand the hardening behavior of the AgNW as a function of the 

density of the pre-existing defects, we simulated three samples (diameter of 10.8 nm) 

with different initial pre-existing defect densities, as shown in Fig. 5.8. The desired defect 

densities   were achieved by varying the strain level at which the nanowire was 

unloaded.  The tensile stress-strain curves for these three AgNWs are compared in Fig. 
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5.8(a), with the corresponding ]100[  side sectional views of the initial states shown in 

Fig. 5.8(b-d). The stress-strain curves show that the AgNW with the smaller defect 

density (Fig. 5.8(b)) hardens more and achieves higher ultimate tensile strength than the 

other two AgNWs with higher defect densities (Fig. 5.8(c & d)). The AgNW with the 

least defect density produces the least amount of surface dislocations to plastically relax 

the system. As a result, the stress in this AgNW is the largest, when the same tensile 

strain is attained in three AgNWs.  

][ 

(a)

(c)(b) (d)]011[

[110]  

Fig. 5.8 Effect of pre-existing defects. (a) Stress-strain curves for three nanowire 

specimens of small, medium and high defect densities. (b-d) ]100[ side sectional views of 

the three specimens, ‘small  ’, ‘medium  ’ and ‘high  ’, respectively, showing their 

pre-existing defects .   

 

This result underscores the critical role of pre-existing defect density in influencing the 

hardening behavior and the ultimate tensile strength of the five-fold twinned AgNW. 

Finally, we note that because of the applied high rate in MD (~ 10
7 

s
-1

 to 10
9 

s
-1

) the 
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defect density in our simulated 'defective' AgNW has to be high enough to generate a 

large number of dislocations to plastically relax the stress, so as to avoid the elastic 

overshooting in the 'pristine' AgNW. However,  the required pre-existing defect density 

can be much lower in our laboratory experiments at low strain rates (~ 310 /s). 

 

5.4 Conclusions 

 We have studied the unique strain hardening behavior of five-fold twinned AgNWs 

using a combined experimental-computational approach. Both our experiments and MD 

stimulations showed the strain hardening in five-fold twinned AgNWs, not exhibited by 

single-crystalline nanowires or other nanostructures. Smaller wires hardened significantly 

and achieved higher ultimate tensile strength than the larger ones. Such a hardening 

response and size effect were shown to be caused by the effective obstruction of surface 

nucleated dislocations by twin boundaries. Our MD simulations further revealed the 

important role of the statistical variation of source strengths of dislocations in the 

confined volume of nanostructures. Overall, the work in this chapter reveals the 

mechanistic underpinnings of strain hardening in metallic nanostructures by coherent 

twin boundaries and points to possible routes of enhancing the tensile ductility by 

engineering the internal interfaces and defects. The knowledge gained can be applied to 

further study the interactions of twin boundaries with irradiation-induced point and line 

defects.  
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CHAPTER 6 

CONCLUSIONS 

 This thesis presents the atomistic modeling and atomistically informed coarse-grained 

modeling of irradiation damage in metals. We began our work by developing an 

atomistically informed crystal plasticity modeling framework that can predict 

macroscopic mechanical behavior by taking into account the atomistic level physics of 

deformation. To this end we conducted molecular dynamics simulations to explore the 

rate limiting plasticity mechanism of screw dislocation motion. Then we conducted 3D 

nudged elastic band calculations to determine the kinetics of dislocation motion and 

obtain material parameters that is informed into a coarse-grained crystal plasticity model. 

Tensile test simulations were performed using the crystal plasticity model within a finite 

element framework and the temperature and rate dependence of the flow stress was 

determined and compared with the experimental results from literature, so as to 

demonstrate the efficacy of our model. Secondly we investigated the plasticity 

mechanisms in irradiated metals. Towards that, we studied the interaction between screw 

dislocation and self interstitial atoms that are typically found in irradiated atmospheres. 

We discovered that the self interstitial atoms could be absorbed into the screw dislocation 

core and modified its core structure to form a specific structure called the three-kink 

dislocation that had kinetics different from the normal screw dislocation. By comparing 

the kinetics of normal screw dislocation and the 3-kink dislocation we were able to obtain 

a new understanding on the experimentally observed irradiation induced hardening and 

softening phenomena. Our atomistic modeling and atomistically informed crystal 

plasticity modeling framework provide significant potentials for studying a wealth of  
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thermally activated crystal plasticity mechanisms that critically govern the material 

behavior in various practical situations.  

 In this thesis, we also studied the formation of stacking fault tetrahedra in gold 

nanocrystals and specifically in non-irradiated conditions. We discover this deformation 

induced formation of SFT with the help of high resolution in situ TEM experiments and 

molecular dynamics simulations.  We were able to account for the entire dynamics of the 

formation, evolution and destruction of the SFT, strongly controlled by the surface 

nucleation and interaction of dislocations inside the gold nanocrystal. This finding 

provided novel scientific reasons for the formation and evolution of staking fault 

tetrahedron in non-irradiated conditions, which otherwise has been considered to be 

purely an irradiation induced defect. Lastly we studied the role of nanoscale interfaces in 

plasticity toward understanding their resistance to irradiation damage. To this end we 

studied stress-strain and hardening behavior of silver nanowires with a specific five-fold 

twinned internal microstructure.  We conducted molecular dynamics simulations on five-

fold twinned silver nanowires of various sizes and defect structures, so as to evaluate 

their effects on the hardening behavior of the same. With the help of tensile testing within 

an SEM, we were able to compare our simulations results with the experimental results 

for the size effected hardening of the silver nanowires. These atomistic studies in close 

collaboration with experimental works, holds practical potential for predicting the 

macroscopic mechanical behavior of materials under irradiated conditions.   

 Overall the atomistic and crystal plasticity studies in this thesis provide novel 

mechanistic insights into the plasticity of metals under unirradiated and irradiated 
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conditions, that holds promising potential for developing irradiation resistant materials 

for ensuring safety of future nuclear reactors.  
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